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Understanding fatigue crack initiation in ductile metals remains a significant
challenge for engineers despite decades of research. In this work, high energy
x-ray diffraction techniques and analysis methods are implemented to nonde-
structively monitor structural changes within grains of polycrystals during fa-
tigue loading conditions. First, experimental results are presented from a fully
reversed incremental step test performed on a copper alloy containing precip-
itates. Crystal plasticity modeling results are compared to the experiments to
identify similarities and differences in structural heterogeneity across four tar-
get grains. Next, a pure copper sample is examined, and x-ray diffraction-based
metrics are developed to characterize the heterogeneity of orientation and strain
across each grain. Hundreds of grains within the pure copper and copper alloy
samples are compared though these metrics to reveal significant differences in
the character of their grain-scale deformation during cycling. Finally, a pure
copper sample is tested to a relatively large number of cycles. The experimen-
tally measured heterogeneity metric values for each grain are superimposed
onto a three-dimensional grain map to provide insight into the spatial distribu-
tion of deformation across the aggregate.
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CHAPTER 1
INTRODUCTION
1.1 Project motivation
Accurately predicting the fatigue life of a component remains a challenging task
for engineers. The quantification of fatigue life is still largely driven by em-
pirical equations, which typically lead to the over-designing of structural com-
ponents to prevent fatigue failure. Generally fatigue life is divided into three
stages: fatigue crack nucleation, slow crack growth, and finally rapid crack
growth leading to eventual component failure. The crack nucleation stage typ-
ically represents the longest portion of a component’s fatigue life, but unfortu-
nately the current understanding of the micromechanical processing leading to
fatigue crack nucleation is limited. A comprehensive theory capable of predict-
ing fatigue crack initiation in ductile metals has not been formulated after many
decades of research.
Previous research has pointed towards the important correlation between
heterogeneous deformation and fatigue crack initiation in ductile metals. Much
of the early research into fatigue crack initiation focused on persistent slip bands
(PSBs) in single crystals aligned for single slip. Researches observed these PSBs
on the surface of the single crystals and connected them to plastic slip on the slip
system with the highest resolved shear stress [73]. After polishing away these
bands, they reappeared after continued mechanical loading. They ”persisted”
in the same region, which implied that the material’s state was altered in these
regions. Research identified these PSBs as precursors to microcracks in single
crystals. The observation of extrusions and intrusions where these PSBs meet
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the surface of the sample motivated crack initiation theories around the same
time [25, 55, 88].
Advances in experimental capabilities are often tied to new understanding
of fatigue processes. Research showed that PSBs do not form in all fatigue spec-
imens, thus PSBs do not always serve as precursors to cracks [49]. Post mortem
transmission electron microscopy (TEM) enabled researchers to observe dislo-
cations structures and the initiation of microcracks within cyclically deformed
materials [5, 6, 32]. In addition to TEM studies, dislocation densities have been
estimated through x-ray diffraction line broadening experiments [82]. A large
body of work has focused on pure copper which exhibits a propensity to cross
slip and form dislocation cells. Observed x-ray diffraction peak asymmetry was
explained by differences in the dislocation density between the cell walls and
the cell interiors [57, 75]. Just like the observation of PSBs, the observation of
dislocation cells and other dislocation structures through TEM and x-ray mea-
surements provided further evidence that deformation is largely heterogeneous
at the crystal scale.
Despite the significant advances provided by microscopy techniques during
previous decades, they do have limitations in their capabilities. For example,
TEM often focuses on small foils extracted from small regions of samples. We
currently cannot predict the location where a fatigue crack will form, thus it is
difficult to correlate the dislocation structures observed in TEM foils to regions
where crack may eventually form. Other techniques, such as Scanning Elec-
tron Microscopy (SEM), can probe larger areas, but the technique is limited to
the surfaces of samples. Serial sectioning is possible but necessitates sample
destruction, thus subsequent mechanical testing is not possible. Another lim-
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itation of traditional microscopy is the inability to quantify the stress state of
the material. The general inability to quantify grain scale stresses has prevented
much of the fundamental work performed on single crystals from translating
over to polycrystals, which typically experience multiaxial, spatially nonuni-
form stress states due to the anisotropic mechanical properties of the individual
crystals.
Decades of research has shown us that fatigue crack initiation is inherently
a dynamic process. During cyclic plastic loading of a polycrystal, researches
have observed the formation of features such as PSBs, formation and evolution
of complex dislocation structures, and nonuniform deformation across both in-
dividual crystals and the aggregate. This nonuniform deformation at the sub-
crystal scale is intimately linked with fatigue crack initiation in ductile metals.
The ability to dynamically observe these changes in structure at the crystal scale
could provide valuable insight into the conditions, which lead to the formation
of a crack in a ductile metal.
TEM and SEM can provide us with two-dimensional snapshots of the me-
chanical state of a material, but high energy x-ray diffraction (HEXD) techniques
provide the ability to nondestructively monitor the state of every crystal within
a polycrystal during deformation. The high energy and high flux nature of syn-
chrotron sources provides sample penetration on the order of millimeters, such
that hundreds or even thousands of crystals can be interrogated simultaneously.
The so called far-field experimental geometry provides a means of measuring
the average orientation and full lattice strain tensor for every grain within the
diffraction volume. With the lattice strain tensor, the stress tensor is readily cal-
culated through Hooke’s law. Additionally, detailed analysis of deformation-
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induced diffraction peak shape changes enables us to quantitatively measure
heterogeneity of lattice orientation and lattice plane spacing within each grain.
This ability to simultaneously monitor the stress and heterogeneity of the crys-
tal lattice provides an unparalleled ability to investigate the microplasticity pro-
cesses leading to the formation of a fatigue crack.
Despite the powerful capabilities provided by HEXD techniques, they still
only provide grain averaged information. Ideally for a problem focusing on
nonuniform deformation at the sub-grain scale, we would ideally like three di-
mension maps of this deformation. Spatial information within grains is lacking
from the experimental data alone, but the results can be coupled with crystal
plasticity finite element simulations to provide approximations of the spatial
deformation fields. In addition to quantities such as stress and orientation, the
model also proves a wealth of knowledge such as the effective plastic deforma-
tion rate and slip system activity. These data could be effectively mined beyond
the information provided from the experiments alone.
Comparisons of experimental results to simulations can also inform mod-
eling efforts to better capture the deformation behavior of individual crystals
within a polycrystal. Further development of these models could eventually
create a truly predictive capability for identifying regions where cracks are
likely to form.
The synergistic interaction between the high energy x-ray diffraction experi-
ments and the crystal plasticity model is implemented and tested in this work to
build a broader understanding of the microplasticity processes which progress
during fatigue loading conditions.
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1.2 Dissertation outline
This dissertation is comprised of four chapters including the Introduction. Each
subsequent chapter presents advances in experimental techniques, data reduc-
tion capabilities, modeling efforts, and scientific understanding in a chronolog-
ical order. Provided below is a brief summary of each chapter to explain the
progression of research throughout the project.
1.2.1 Chapter 2
Chapter 2 titled, ’Quantitative analysis of crystal scale deformation hetero-
geneity during cyclic plasticity using high-energy X-ray diffraction and finite-
element simulation,’ was published in Acta Materialia in 2014. This journal
publication presents the results from the first fully-reversed cyclic experiment
performed at a synchrotron light source. A novel compact load frame was de-
signed and built specifically for this experiment. The material chosen for this
study, Okegawa Mold Copper (OMC), is a precipitation strengthened copper
alloy, which exhibits a much larger yield strength when compared to pure, an-
nealed copper. The sample’s high strength provides a larger signal to noise
ratio, enabling higher fidelity in the measured lattice strains.
An incremental step test was performed on the sample at the synchrotron.
The sample was first deformed at a strain amplitude of 0.3% for three cycles,
and then an additional three cycles at 0.5% strain amplitude. X-ray diffraction
measurements were performed at the tensile and compressive loop tips of each
cycle. A total of four grains were interrogated during this first experiment. Ex-
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perimental results revealed a strong compression bias in the azimuthal peak
widths for every diffraction peak of all four grains. This larger peak width is in-
terpreted as a sign of larger misorientation within the grains at the compressive
loop tip as opposed to the tensile loop tip.
The experiment was simulated using a crystal-based finite element model.
Experimental diffraction peaks were compared to synthetic diffraction peaks
produced from the simulation data through the virtual diffractometer frame-
work. Individual, simulated diffraction peaks revealed an asymmetry in az-
imuthal peak widths between tension and compression, however, did not cap-
ture the strong bias exhibited by every peak shown by the experimental data.
1.2.2 Chapter 3
Chapter 3 titled, ”Observing structural heterogeneity within a polycrystal dur-
ing cycling using high energy x-ray diffraction and the implications for crystal
scale models,” was submitted to Acta Materialia and is under revision. Within
this work, pure copper is tested in addition to the OMC alloy. Rather than moni-
toring the changes in the shape of diffraction peak widths visually, x-ray diffrac-
tion based heterogeneity metrics for strain and orientation are developed. These
metrics present a single scalar value for each grain, which can be monitored as
the sample is cyclically deformed.
The work moves from monitoring a few targeted grains to monitoring every
grain within a diffraction volume. Samples of both pure copper and OMC alloy
are tested up to a total of 16 cycles at fixed strain amplitude. Comparisons of
the two materials reveals drastic differences between the changes in structural
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heterogeneity within the grains as the samples are cycled.
The crystal plasticity formulation is extended to incorporate latent hard-
ening in an effort to capture the strong misorientation bias observed experi-
mentally. The modified hardening law does alter the misorientation within the
grains, however, does not capture the strong asymmetry observed in the exper-
iments.
1.2.3 Chapter 4
Chapter 4 titled, ”Correlating three-dimensional grain maps and structural het-
erogeneity across hundreds of cycles,” presents currently unpublished work on
pure copper. These experimental data is measured during two different beam-
times at the Cornell High Energy Synchrotron Source (CHESS). First, a volume
of grains is scanned using the novel near-field, box beam technique. This tech-
nique places a small area detector approximately 5-10 mm from the sample,
enabling the creation of a three-dimensional grain orientation map. A reference
marker in the form of a platinum wire was adhered to the sample to track the ex-
perimental volume from one beamtime to the next. This same sample returned
for a subsequent beamtime during which time the far-field geometry was imple-
mented such that misorientation within the grains could be monitored during
cycling. Samples were only cycled at fixed strain amplitude for up to 16 cycles
during the previous experiment. This final experiment presents measurements
up to a total of 256 cycles. Detailed x-ray measurements around the hysteresis
loops are performed for cycle numbers 2 and 256.
A novel data reduction methodology is implemented to monitor the dis-
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tribution of orientation within each grain as the sample is deformed. This fi-
nal chapter describes the methodology to construct orientation ”clouds” in Ro-
drigues space for each grain. Generating these ”clouds” and analyzing their
distribution provides a measure of the distribution of orientation (misorienta-
tion) within each grain and is equivalent to the orientation heterogeneity met-
ric developed in the previous chapter. The misorientation within each grain is
monitored and projected onto the three dimensional grain map. This data set
serves as the first opportunity to combine spatial grain maps of the aggregate
with the heterogeneity metrics measured in the far-field geometry.
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CHAPTER 2
QUANTITATIVE ANALYSIS OF CRYSTAL SCALE DEFORMATION
HETEROGENEITY DURING CYCLIC PLASTICITY USING HIGH
ENERGY X-RAY DIFFRACTION AND FINITE ELEMENT SIMULATION
2.1 Abstract
Modern high energy, x-ray diffraction experiments coupled with a crystal-based
finite element model employing forward projection of virtual x-rays through
each element is applied to study cyclic plasticity. An Okegawa Mold Copper
(OMC) specimen was cyclically deformed in situ at the Advanced Photon Source
(APS). Strain amplitudes of the cyclic experiments reached well into the plastic
regime and diffraction images were generated at the hysteresis loop tips at every
cycle using a high energy x-ray diffraction (HEXD) methodology. Four grains
within the bulk of a polycrystalline sample were tracked and interrogated with
x-rays. Diffraction peak data were reduced to center of mass (COM) and full
width at half maximum (FWHM) values in the detector coordinates 2θ (radial)
and η (azimuthal). The peaks evolved with cycles and changed significantly
when the plastic strain amplitude was increased. The peaks evolved during
the course of one loading cycle with larger η FWHM values seen at the com-
pressive end of the cycles. This trend was reversed when the sample was ini-
tially loaded in compression. Diffracted intensity distributions were also seen
to change significantly from one grain to the next. Using a virtual diffractome-
ter model, COM and FWHM values were computed from the modeling results
by projecting x-rays through the finite element mesh and compared to the ex-
perimental data. The finite element polycrystal model serves as the final step in
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the data reduction process, revealing significant spatial heterogeneity of orien-
tation, stress and plastic strain rate distributions. Studying these distributions
collectively will be necessary to fully understand the detailed elastic-plastic de-
formation behavior within each grain and to explore problems such as microc-
rack initiation hypotheses in polycrystalline metals.
2.2 Introduction
Fatigue remains one of the most prevalent forms of failure for many mechanical
components, yet our understanding of plasticity-driven microcrack initiation in
ductile polycrystalline metals like copper is entirely empirical. Based on single
crystal research, we have a notion of how heterogeneous cyclic plasticity pro-
cesses produce a microcrack during low cycle fatigue (LCF) conditions. True
prediction of microcrack initiation in a polycrystal, however, will require us to
deepen our understanding of crystal and sub-crystal cyclic plasticity processes.
It entails linking heterogeneous stress, orientation and deformation fields pro-
duced during cyclic plasticity into a theory for material evolution and eventual
damage initiation. In this paper, we describe a methodology designed to study
and quantify cycle-by-cycle micromechanical changes that occur inside individ-
ual grains1 within a polycrystal subjected to LCF conditions. Cyclic plasticity
processes in a ductile metal like copper are the roots of microcrack initiation.
Therefore, our focus is the creation of a method for studying the plasticity-
driven evolution of individual metallic crystals within a cyclically loaded poly-
crystalline aggregate during the first few fatigue cycles - long before the appear-
ance of a crack.
1Note: the words crystal and grain are used interchangeably throughout this paper.
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We conduct high energy x-ray diffraction experiments with in situ cyclic
mechanical loading designed to probe the state of individual crystals during
fatigue conditions. In addition to extracting lattice strains, we explore the
use of the three-dimensional broadening of the diffraction peaks collected on
the detector as indicators of structural heterogeneity. We examine changes in
diffracted intensity distributions that occur as a result of increases in the strain
amplitude as well as due to changes after several cycles. Finally, we employ a
crystal-based finite element model of the deforming aggregate to link the evolv-
ing distributions of diffracted intensity measured on the x-ray detector to the
underlying material heterogeneity that produces the peak evolution and will
ultimately produce a microcrack. Experimental detector images are directly
linked to the model by projecting x-rays through the deforming finite element
mesh onto a virtual detector and comparing the two side-by-side.
2.3 Background
Much of our understanding of cyclic plasticity and microcrack initiation pro-
cesses in ductile metals like copper was gained through experiments using sin-
gle crystal specimens oriented for single slip (SCSS) [37, 3, 80, 56, 24]. By strate-
gically choosing the sample orientation in a SCSS experiment, all plasticity is
accommodated with one slip system. This allowed researchers to investigate
the detailed transition from spatially heterogeneous plasticity to strain local-
ization associated with persistent slip bands (PSBs). For nearly a century, the
PSB has often been observed during cyclic plasticity and had been empirically
linked to microcrack initiation [23, 73]. The SCSS research established the con-
nection of PSBs with the ”threshold” region in the cyclic stress-strain curve for
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copper and evidence was provided for hypotheses linking PSBs to the initiation
of microcracks cf. [56, 71]. However, beyond the basic premise that fatigue crack
initiation is intimately linked to the heterogeneity of cyclic plastic deformation,
the SCSS results have not been used to build specific understanding of polycrys-
talline cyclic plasticity leading to microcracks. Slip in a crystal embedded within
a polycrystal now may occur on multiple slip systems and will usually evolve
as the state of the crystal (and the states of the crystals around it) evolves. While
PSBs are often observed forensically within polycrystalline samples, they can
no longer be linked directly to stress-induced slip process. So, in a polycrystal,
the PSB itself appears to no longer be the ubiquitous pre-crack structure. How-
ever, the evolving spatial heterogeneity of slip within each crystal comprising a
polycrystalline aggregate must still play a major role in fatigue crack initiation.
This paper describes a new set of tools designed to track the evolution of each
crystal during elastic-plastic cyclic deformation as a means for understanding
the evolution of this heterogeneity.
2.3.1 Tools for Studying Cyclic Plasticity and Fatigue
Transmission electron microscopy (TEM) has been used for decades to under-
stand the evolution of dislocation structures during cyclic plasticity and fatigue
conditions cf. [5, 32, 29]. The SCSS work included TEM studies [56, 58, 42],
which produced significant understanding of the dislocation structures associ-
ated with cyclic plasticity and the development of theories of cyclic strain hard-
ening and softening, development of PSBs and eventually microcrack initiation
cf. [48, 7]. In some cases, special methods using TEM [35, 9] and SEM [11] have
been employed to image the juxtaposition of the PSBs and the microcracks.
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X-ray diffraction has played a slightly less dominant but important role in
studying fatigue. In a step towards delineating high cycle fatigue (HCF) from
LCF, Wood observed that initially “sharp” diffraction peaks from a brass sample
broadened into almost complete Debye-Sherrer rings at large strain amplitudes
but varied little at lower strain amplitudes [90, 89]. Unlike Wood’s x-ray data,
which was limited to surface grains and required long exposures, the enormous
flux at a synchrotron light source enables us to collect diffraction patterns from
individual grains deep within the interior of a test specimen. In our modern ver-
sions of Wood’s experiments, we make many diffraction measurements per sec-
ond while cycling the specimen in situ - gathering data on every grain within the
diffraction volume at many stages of material evolution cf. [65, 46]. Diffraction
techniques have been developed to measure the spatial position, lattice orienta-
tion, topology, and lattice strains for grains within polycrystals [61, 13], enabling
the collection of vast amounts of data from deforming polycrystals.
2.3.2 High energy x-ray diffraction (HEXD) experiments
This work focuses on the patterns that diffracted x-rays produce on real and vir-
tual detectors. To properly describe these patterns and their connections to the
underlying material, a very basic introduction to diffraction is provided here.
Much more comprehensive descriptions are found elsewhere [38, 17, 18, 2].
The transmission HEXD experiment we conduct is shown schematically in Fig-
ure 3.2. Within the volume illuminated by the beam (diffraction volume) ev-
ery individual grain (crystal) containing a family of planes, an hkl, satisfying
Bragg’s law will diffract, producing a peak of diffracted intensity on the detec-
tor. Bragg’s law relates the lattice spacing for a particular family of planes, dhkl,
13
and diffraction angle, θhkl, to the x-ray wavelength, λ.
λ = 2dhkl sin θhkl (2.1)
In our experiments, the size of the grains relative to the diffraction volume is
such that the diffraction peaks from individual grains can be delineated. The
goal of the experiments is to connect each diffraction peak to a particular hkl in
a particular grain, then describe the location and topology of each diffraction
peak. This requires the introduction of reciprocal space and a more sophisti-
cated vector-based diffraction model, the Laue equation.
The crystal lattice is described using a set of basis vectors. The magnitudes
of the basis vectors define the edge lengths of the unit cells, while the angles
between vectors define its shape. Our material is a face centered cubic (fcc)
copper alloy so our discussion is restricted to cubic symmetry. The basis vectors
for the cubic unit cell in the crystal coordinate system are defined as,
a1 = a[1, 0, 0], a2 = a[0, 1, 0], a3 = a[0, 0, 1] (2.2)
where a is the lattice constant. The reciprocal basis vectors are defined as:
b1 =
a2 × a3
a1 · a2 × a3 , b2 =
a3 × a1
a1 · a2 × a3 , b3 =
a1 × a2
a1 · a2 × a3 (2.3)
Now a reciprocal lattice vector, Ghkl, which identifies a point in reciprocal space
can be defined using the reciprocal basis vectors and the Miller indices of a
lattice plane, hkl, as
Ghkl = hb1 + kb2 + lb3 (2.4)
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Figure 2.1: Schematic of the HEXD experimental setup. The laboratory
coordinate system, {Xl,Yl,Zl}, is fixed and the sample coordi-
nate system, {Xs,Ys,Zs}, rotates about the loading axis with de-
fined angle, ω. Points on the detector can be described using its
rectangular coordinate system, {Xd,Yd} or a “polar” coordinate
system, {2θ, η}. The angle 2θ corresponds to the Bragg angle in
Equation 2.1 and the azimuthal angle, η, is measured as shown.
The sample to detector distance is D.
A scattering vector, Q, associated with the incident beam is defined as
Q ≡ so − si
λ
(2.5)
where si and so are unit vectors in the directions of the incident and outgoing
(diffracted) x-ray beams, respectively, the Laue condition for diffraction to occur
in the so direction from a particular set of planes is simply Q = Ghkl.
Again, the structure of reciprocal space means Ghkl is normal to the hkl set of
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lattice planes and by enforcing equivalence of Bragg’s law and the Laue equa-
tion, it is straight-forward to show that for a cubic crystal,
dhkl =
1
||Ghkl|| =
a√
h2 + k2 + l2
(2.6)
In the experiment, the sample is rotated around the loading axis, Yl, while
illuminating the diffraction volume with x-rays (Figure 3.2). During the rotation
(given by the variable, ω) the Ghkl vectors come into and out of alignment with
scattering vectors (Q’s) so diffraction peaks turn on and off. Typically, we rotate
the specimen continuously, truncating data collection on the detector at small
values of ∆ω. Each peak on the detector can be parameterized with a triplet
of angles (2θ, η, ω), where 2θ and η, correspond to the radial and azimuthal
position of the peak, respectively, and ω is the average angular position of the
diffractometer when the data were collected (during a particular ∆ω).
2.3.3 Interpretation of peaks
The distance from the sample to the x-ray detector largely determines the type
of information that can be extracted directly from the experimental peaks [65].
Experimental configurations are often grouped into three categories: near field,
far field, and very far-field. If the detector is placed very near the sample, on the
order of millimeters, the diffracted intensity appearing on the detector takes on
the shape of the crystal and its position on the detector will be related to the
position of the crystal within the aggregate. A near field diffraction geometry in-
creases the spatial sensitivity at the expense of 2θ resolution [44, 72, 47]. The near
field geometry is useful for generating spatial orientation maps of crystal aggre-
gates. As opposed to such near field experiments, the experiments described in
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this work are termed far field in the diffraction lexicon because at the typical sam-
ple to detector distances used in these studies (D≈1m), the shape of the peak on
the detector and its location are sensitive to internal crystal structure and ori-
entation. Volume averaged grain orientations and elastic strain tensors along
with grain positions can be measured in this geometry [65, 13]. The detector
is moved even further away from the sample for the very far field experimental
configuration. Single diffraction peaks are interrogated on a detector with very
high angular resolution. These types of measurements enable the construction
of reciprocal space maps [64, 33].
Using the (2θ, η, ω) values from all peaks associated with the unstrained crys-
tal, the crystal orientation can be determined. Straining or rotating the crystal
will produce shifts in the peaks and changes in (2θ, η, ω). As can be discerned
from Bragg’s law (Equation 2.1) and Figure 3.2, changes in the radial position
of a peak (2θ) are related to changes in dhkl or, equivalently, the normal lattice
(elastic) strain associated with that particular scattering vector. Shifts in η and ω
are, in general, related to crystal reorientation 2.
A crystal within a plastically deforming polycrystal is loaded by the other
crystals at its boundary, producing internal lattice strain and orientation gradi-
ents. These intragrain gradients produce a distribution of Ghkl vectors within
the material, which will coincide with slightly different scattering vectors when
diffraction conditions are satisfied and expand the distribution of diffracted in-
tensity measured on the detector. The once sharp3 peak of the undeformed crys-
2This is a somewhat imprecise statement. Considering the 2θ, η, ω parameterization of the
unit cell geometry, changes in each can be related to distortion or reorientation [13]. In the case
of metallic systems where the elastic strains are small, associating changes in 2θ with lattice
strain and changes in η and ω with changes in orientation is a valid approximation.
3The size and shape of the intensity distribution on a far field detector from an unstrained
nearly perfect crystal will be dominated by effects from the instrument: energy band width,
detector attributes, pixel size etc., not the material state. Our focus is more on changes that
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tal now shifts and spreads in three dimensions (2θ, η and ω) consistent with the
deformation-induced distribution of Ghkl (Q) vectors4 as depicted in Figure 2.2,
which shows that the individual diffraction peaks expand or broaden signifi-
cantly in the azimuthal (η) direction and, less noticeably, in the radial (2θ) direc-
tion when the material is plastically deformed. The radial broadening is primar-
ily a result of an increase in the lattice strain heterogeneity within a grain, while
the azimuthal broadening is related to an increase in the orientation heterogene-
ity. Broadening in ω is manifest as peaks “appearing” on the detector from the
deformed specimen. As can be seen in Figure 2.2, the orientation spread associ-
ated with plastic deformation causes the Debye-Scherrer rings to become more
densely populated as the diffraction peaks spread in ω. Once peaks begin to
overlap, it becomes difficult to separate the information contained within each
individual peak.
2.4 Experimental Method
HEXD experiments employing in situ cyclic mechanical loading were per-
formed at the 1-ID-C experimental station at the Advance Photon Source (APS)
at the Argonne National Laboratory. Details of the material and experimental
methods are presented below.
occur in the peaks upon loading. Barring changes in the x-ray conditions, these changes will all
be due to material evolution.
4Note: By virtue of the Laue equation Ghkl and Q are equivalent when diffraction conditions
are met. This is the only condition relevant in this paper; hence, one could interchange the
symbols for these vectors with no loss of arithmetic correctness, which we do here.
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Undeformed Plastically Deformed
Figure 2.2: (Left) One portion of a detector frame gathered downstream
from an OMC copper sample in an undeformed state and
(Right) at 1% macroscopic strain. Each image was taken over
the same ω range.
2.4.1 Material
For many reasons, copper has been a model material for studying cyclic plas-
ticity and fatigue processes including microcrack initiation in ductile materi-
als. Precipitation-strengthened Okegawa Mold Copper (OMC) (0.5 wt% Cr, 0.02
wt% Zr), was chosen for this research due to its relatively high yield strength of
around 245-295 MPa as compared to elemental copper. The precipitation re-
action completely depletes the Cu matrix of Cr and Zr, however, so the OMC
material should have stacking fault energies and moduli comparable to high
purity copper. The polycrystalline material was found to have a uniform ori-
entation distribution and an average grain size of 60 microns through electron
backscatter diffraction (EBSD) measurements
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2.4.2 In situ mechanical loading
OMC copper samples were deformed in a custom-designed compact uniaxial
load frame. Experimental samples had a 9 mm long gauge section with a 2 × 2
mm square cross-sectional area within the gauge length. A cyclic incremental
step test was conducted; the stress-strain history is shown in Figure 2.3. Loading
began in tension with the strain amplitude increasing from 0.3% to 0.5% after
three cycles. Three additional cycles were then performed at the 0.5% ampli-
tude. Deformation was halted at various points during cycling to perform the
HEXD measurements. Prior to each HEXD measurement (labeled with markers
in Figure 2.3), the load was reduced in magnitude by 10% to move the stress
away from the yield surface and to minimize microstructural evolution dur-
ing diffraction measurements. The first marker resides at the origin and corre-
sponds to the undeformed state. Four clusters of points are located at the tensile
and compressive “tips” of the stress-strain loop at both strain amplitudes. Each
cluster contains three markers, corresponding to the three cycles performed at
each strain amplitude. The stress-strain response of the finite element simula-
tion is included for comparison and will be discussed later.
2.4.3 X-ray diffraction
A monochromatic x-ray beam with energy, E, of 80.725 keV was utilized with
∆E/E = 5 × 10−3. A beam size of 400 µm x 400 µm was employed so that each
target grain was entirely illuminated by the x-ray beam. The x-ray beam was
centered onto each target grain prior to conducting diffraction measurements
on that grain. A high speed area detector, the GE Revolution 41RT, with an
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Figure 2.3: (Left) Macroscopic stress-strain curve from the cyclic incremen-
tal step test on OMC copper. Both experiment and simula-
tion are depicted. The HEXD measurement locations are high-
lighted. (Right) Cubic stereographic triangle depicting the pre-
loading orientation of the tensile axis with respect to the orien-
tations of the four target grains at the beginning of the experi-
ment.
active area of 41 × 41 cm2 with a 200 × 200 µm2 pixel size was employed to
gather diffraction patterns. Detector center and tilts relative to the beam and
the sample to detector distance (1.122 m) were calibrated using a CeO2 pow-
der [70]. During diffraction measurements, detector frames containing diffrac-
tion peaks from several Debye-Scherrer rings were acquired as the sample was
rotated through a total of 300◦ in ω. The rotation was discretized into 0.25◦ ∆ω
steps. The experimental geometry and the range of rotation angles results in the
ability to capture over 100 diffraction peaks for each grain.
Indexing the diffraction data involves associating the coordinates (2θ, η and
ω) of each measured peak with a particular grain. We indexed our data using
the HEXRD software package [13]. After indexing and locating each grain in
the aggregate at zero load, we chose to track four particular OMC copper grains
within four diffraction volumes centered on each crystal. Figure 2.3 provides the
initial location of the tensile axis for the four target grains chosen to be tracked
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during the experiment within the cubic fundamental triangle. The spread over
the stereographic triangle was purposely chosen to examine orientation effects.
2.5 Data analysis
The section below describes the manner in which the diffracted intensity dis-
tribution associated with each peak is quantified and represented. We begin
by describing how intensity related to one peak is integrated over multiple de-
tector frames (ω integration) then describe the process of finding the centroid
(COM) and full width at half maximum (FWHM) values of the distribution rel-
ative to the 2θ and η (radial and azimuthal, respectively) detector coordinates.
This process is depicted schematically in Figure 2.4.
A broadened peak can extend across several ∆ω’s so to consistently account
for the full distribution of diffracted intensity, we integrated across all frames
containing intensity from that peak. This process, which basically consists of
adding the intensity values from each pixel across multiple detector frames, is
depicted for a typical broadened peak in the left hand side of Figure 2.4. Fitting
in the radial and azimuthal directions begins by mapping pixel intensities from
the rectangular coordinates to the (2θ, η) “polar coordinates”, which serve as a
more natural coordinate system for the present diffraction geometry [70]. As
depicted in Figure 2.4, first the peak was integrated in η and fit as a function
of 2θ, and then the peak was integrated in 2θ and fit as a function of η using a
pseudo-Voigt function. The COM and FWHM of each distribution become the
measures of position and spread, respectively, in 2θ and η.
Using the COM values for each peak associated with a grain, a “grain-
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averaged” lattice orientation and lattice strain tensor can be defined. Employing
an engineering definition of strain and using the unstrained lattice spacing (dohkl)
as the “gage length”, changes in the 2θ COM for a particular peak can be con-
verted to changes in dhkl using Bragg’s law, which can then be used to calculate
the “grain-averaged” normal lattice strain component associated with that par-
ticular hkl and scattering vector, Q, i.e.
εQQ =
dhkl − dohkl
dohkl
=
||Gohkl|| − ||Ghkl||
||Ghkl|| (2.7)
The εQQ component of strain can be related to the grain-averaged lattice strain
tensor, ε, using the tensor transformation equation,
εQQ = Qˆ ε · Qˆ (2.8)
with Qˆ = Q/||Q|| = Ghkl/||Ghkl||. Since, lattice strains are elastic, the grain-
averaged stress tensor can be computed using Hooke’s law, σ = Cˆε, where
Cˆ is the fourth order tensor of single crystal elastic moduli.
2.6 Simulations
In many traditional approaches, modeling and experimental results are com-
pared and either the model or the experiment is deemed “validated” or “cal-
ibrated”. Our approach is instead to employ the finite element model of the
deforming diffraction volume as the key component in our diffraction data re-
duction process. As we will show in Section 2.7, the COM and FWHM data
from the in situ experiments have significant potential for providing indicators
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Figure 2.4: Schematic portraying the process of converting the intensity
distribution data from the detector for a single diffraction peak
into center of mass (COM) and full width at half maximum
(FWHM) values in the polar coordinates, 2θ and η. (Left) The
peak is first integrated in ω over all detector frames (∆ω) con-
taining nonzero intensity values related to that peak. A central
∆ω is identified and its midrange is termed the ω COM. (Upper
Right) The ω-integrated peak is integrated azimuthally and fit
radially for the 2θ COM and FWHM values and (Lower Right)
the peak is integrated radially and fit azimuthally to obtain the
η values of COM and FWHM.
of the effects of cyclic plasticity on the internal structure of an individual grain.
The key element to the construction of the model - the way that the model and
experiment are brought into coincidence - is through a comparison of the ex-
perimental COM and FWHM data to values derived from the model using a
digital representation of the diffraction experiment, a virtual diffractometer. In
this section we first introduce the crystal-based representation of the mechan-
ical response of the specimen, and then we provide a description of the x-ray
diffraction model: the virtual diffractometer.
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2.6.1 Crystal-based finite element model
The model employed here represents the elastic-plastic deformation behavior
of each crystal using anisotropic elasticity and restricted-slip viscoplasticity
[50, 51, 28]. Each crystal is discretized using many finite elements and the poly-
crystalline aggregate is assembled to resemble the diffraction volume of the ex-
periment. The kinematics employed in the model allows for motions with large
strains and arbitrary rotations in a fully three-dimensional framework. Within
each crystal, slip can occur on any of the twelve {111} <110> slip systems avail-
able to FCC crystals, with the shearing rate on the α-slip system, γ˙α, expressed
as
γ˙α = γ˙0 ·
[
τα
gα
]1/m
sgn(τα) (2.9)
where γ˙0 and m are material constants, τα is the resolved shear stress on the α-
slip system and gα is the slip system strength of the α-slip system. The model
utilizes one strength for every slip system in the crystal (gα = g), which evolves
according to
g˙ = h0
(
gs(γ˙) − g
gs(γ˙) − g0
)
f (2.10)
where h0 and g0 are material constants and
gs(γ˙) = gs0(γ˙/γ˙s0)m
′
(2.11)
Here gs0, γ˙s0 and m′ are also material constants. The parameter f , defined as
f =
na∑
β=0
| γ˙β | (2.12)
is used to capture the amplitude-dependent strain hardening behavior observed
in the macroscopic stress-strain data shown in Figure 2.3 [74]. The shearing rate
on a particular slip system only contributes to the total (nα) if the shear strain ac-
cumulated on the slip system since the last reversal in shearing direction reaches
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Table 2.1: Single crystal elastic constants (copper) employed in the simula-
tion (GPa) [30], along with the visco-plasticity model constants
used for the OMC copper.
C11 C12 C44 h0(MPa) g0(MPa) gs0(MPa) m m′ γ˙0(s−1) γ˙s0(s−1) a b
164 122 75 800 85 285 0.01 0.0 1.0 5×1010 0.3 4.0
a critical value, ∆γcrit, defined as
∆γcrit = a[g/gs]b (2.13)
Here a and b are material constants. The model parameters for the OMC cop-
per were determined by fitting the macroscopic stress-strain data. The single
crystal elastic moduli of copper were employed for the OMC copper. All model
constants are given in Table 2.1.5
The initial volume of the virtual sample was chosen as 0.5 mm×0.5 mm×0.5
mm, which is slightly larger than the beam size used in the experiment. The
orientations and centroid locations of the four target grains, which were ob-
tained from the HEXD experiment, were replicated in the virtual sample. The
orientations of the remaining crystals within the diffraction volume were taken
from the measured orientation distribution function (ODF) of the OMC ma-
terial. Based upon the average grain size of the material, the sample domain
was discretized into 100 individual grains using Neper, a crystal generation and
meshing program that uses a Voronoi tessellation scheme. Neper has a meshing
algorithm that produces irregularly shaped grains with a high quality, robust
finite element mesh [67, 66]. As we have shown in previous work, the crystal-
lographic neighborhood has a bearing on the response of an individual crystal
5The fact that m′ = 0 implies that the evolution equation is rate independent.
26
[87]. However, since the shape of the grains and the exact details of their neigh-
borhoods are not known from the experiment, no attempt was made to replicate
these attributes of the physical specimen. Each grain is assumed to be one ori-
entation and initially strain free and is finely discretized into 1000’s of 10-node
tetrahedral elements. With the discretization used, gradients of stress, orienta-
tion and inelastic strain rate are well represented across each crystal.
2.6.2 Virtual diffractometer
The virtual diffractometer uses a “forward projection” of the x-ray beam
through the virtual diffraction volume to simulate the diffraction experiment.
The chief advantage of employing the virtual diffractometer is the ability to
compare to the experimental results in their most fundamental state - with a
minimum amount of “processing”. Within its framework, the x-ray beam is as-
sumed to be perfectly collimated, and the energy bandwidth from the actual
instrument is employed. Using the deformation information stored within each
element, a Ghkl is calculated. As the virtual sample is rotated, each element is
checked to see if it satisfies a diffraction condition (Ghkl = Q). If the resulting so
intersects the virtual detector, it is projected onto the virtual detector and the
detector point spread function is applied [45]. A more detailed description of
the virtual diffractometer can be found in [86].
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2.7 Results
The results, including raw COM and FWHM data from the experiments and
those determined using the virtual diffractometer model and the simulation
data are presented along with examples of the stress, orientation and plastic
strain rate fields derived from the simulation. The results are discussed in Sec-
tion 2.8.
2.7.1 Experimental results
As an example, the positions of the peaks obtained for grain 4 at the beginning
of the test (zero load) are depicted in Figure 2.5. Even though nearly 100 peaks
can be identified for each grain, peak quality due to issues such as overlap re-
duced the list to 30-50 “acceptable” values for each grain.
Figure 2.6 contains components of the lattice strain tensor for all four grains
at the tensile and compressive endpoints of the macroscopic stress-strain curve.
All strain components are presented using sample coordinates, with the y-axis
corresponding to the loading axis. The evolution of the radial FWHM magni-
tude during cycling reflects changes in the strain heterogeneity within a grain.
Figure 2.7 presents this evolution for the four grains during cycling. The first
row corresponds to the undeformed state and subsequent steps correspond to
measurements made at points alternating between the tension and compression
endpoints of the stress-strain history. Table 2.2 connects the rows in Figure 2.7,
2.8 and 2.10 to the strain value and cycle number where the associated HEXD
experiment was conducted. Figure 2.8 displays the evolution the azimuthal (η)
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η
# (h k l) 2θ η ω
1 (-1 -1 1) 4.22 -146.97 39.08
2 (-1 -1 1) 4.22 -33.03 -145.95
3 (1 1 -1) 4.22 33.03 34.05
4 (1 1 -1) 4.22 146.97 -140.92
5 (0 -2 2) 6.89 -161.40 4.18
6 (0 2 2) 6.89 -125.80 -111.17
7 (-2 0 2) 6.89 -66.11 -130.63
8 (0 2 2) 6.89 -54.20 57.08
9 (0 -2 2) 6.89 -18.60 176.92
10 (0 2 -2) 6.89 18.60 -3.08
11 (0 -2 -2) 6.89 54.20 -122.92
12 (2 0 -2) 6.89 66.11 49.37
13 (0 -2 -2) 6.89 125.80 68.83
14 (0 2 -2) 6.89 161.40 -175.82
15 (-1 3 -1) 8.08 -167.12 -177.40
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Figure 2.5: (Left) Approximate (2θ, η) positions of the centroids (COM) of
the diffraction peaks as they appeared on the detector for grain
4 before deformation. Every peak from all values of ω are
placed on this single image. (Right) The diffraction peaks for
grain 4 listing the (hkl) and the COM values of the angles (2θ, η
and ω) at the beginning of the experiment. Peak numbers cor-
respond to columns. They also correspond to the columns for
grain 4 in Figure 2.7 and Figure 2.9.
Table 2.2: Connection between the rows of data in Figure 2.7, 2.8 and 2.10 and strain value
and cycle number (load step) where the associated HEXD experiment was con-
ducted.
Row Number 1 2 3 4 5 6 7 8 9 10 11 12 13
Macro. Strain (%) 0 +0.3 -0.3 +0.3 -0.3 +0.3 -0.3 +0.5 -0.5 +0.5 -0.5 +0.5 -0.5
Cycle Number 0 1 1 2 2 3 3 1 1 2 2 3 3
FWHM of each peak for the four experimental target grains in the same manner
as Figure 2.7.
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Figure 2.6: Experimental elastic strains for the four target grains. Load
point 1 corresponds to the undeformed material and subse-
quent load points present data alternating between the tensile
and compressive tips of the stress-strain history. The sample
was loaded along the y-axis. Points are connected with lines
merely to serve as a visual aid.
2.7.2 Simulation results
We illustrate the simulation results by showing results from grain 2 only. The
simulated and measured lattice strain tensors for grain 2 are shown in Fig-
ure 2.9. Figure 2.10 provides a comparison of the radial and azimuthal FWHM
values for the experiment and simulation for grain 2. The data are presented in
the same manner as in Figure 2.7 and 2.8, where rows correspond to individual
diffraction measurements and columns correspond to diffraction peaks.
The spatial variation of the lattice orientation, stress and plastic strain rate
within grain 2 as computed by the model are illustrated in Figure 2.11 at +0.5%
macroscopic strain in the final cycle. Lattice orientation variation is illustrated
with a plot of the angular deviation away from the average. To illustrate the
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Figure 2.7: Radial (2θ) FWHM of four target grains from the experiment.
The color of each “pixel” in the grid corresponds to the exper-
imentally measured magnitude of the FWHM. Each row cor-
responds to a load step (a macroscopic strain value and cy-
cle number) associated with a particular HEXD experiment.
Table 2.2 connects the load step information to the rows of
FWHM data. Each column contains the data from an individ-
ual peak. The peaks are sorted to help distinguish trends in the
data. They are first grouped according to lattice plane family,
{hkl}, and then by increasing azimuthal angle, η, within each
family from -180◦ to 180◦. Each peak is associated with a dis-
tinct ω-value. The bold horizontal line below row 7 indicates
an increase in the macroscopic strain amplitude from 0.3% to
0.5%.
variation of stress, we plot the von Mises effective stress, σ¯, over grain 2. The
effective stress is computed from the full stress tensor, σ, as:
σ¯ =
√
3
2
σ′ : σ′ where σ′ = σ − 1
3
tr(σ)I (2.14)
where σ′ is the deviatoric stress and I is the identity tensor. Similarly, we cal-
culate the plastic work rate conjugate of σ¯ as an effective plastic strain rate, D¯p,
using the plastic rate of deformation tensor,
D¯p =
√
2
3
Dp : Dp (2.15)
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Figure 2.8: Azimuthal (η) FWHM values for the four grains depicted in
an identical format as used in Figure 2.7 and described in Ta-
ble 2.2.
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Figure 2.9: Grain-averaged components of the lattice strain tensor for
grain 2 from experiment and simulation.
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Figure 2.10: Radial and azimuthal FWHM values for grain 2 from the ex-
periment and simulation. Each set of data is presented in the
same format as that used in Figure 2.7 and described in Ta-
ble 2.2
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Figure 2.11: Distributions of lattice orientation (left), von Mises effective
stress (middle) and effective plastic strain rate (right) on the
surface of grain 2 on the final cycle (+0.5% macroscopic strain
on Cycle 3) from the finite element model.
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2.8 Discussion
This discussion begins with some general observations regarding the experi-
mental data. We then discuss the way we link these data to our finite element
representation of the individual grains to quantify intragrain distributions of
stress, misorientation and plastic strain rate.
2.8.1 Diffraction-based data
Each diffraction peak captured on the x-ray detector contains a “snapshot” of
the internal structure of a deforming grain. Given its underlying connection to
plastic deformation, one could contend that the detector image in Figure 2.2 is
a “picture” of plasticity comparable to a TEM micrograph of dislocation struc-
tures. Much more importantly, the COM and FWHM data derived from the
peaks and presented in Figure 2.6 – Figure 2.8 are REAL mechanical testing
data from individual grains deforming within an OMC polycrystalline sample
subjected to the loading presented in Figure 2.3. While we have illustrated the
potential of these experiments by showing data from only 4 grains, we obtained
data from every grain within the diffraction volume. Since the loading condi-
tions vary from grain to grain, the HEXD experimental methodology literally
has allowed us to turn a fatigue specimen into a testbed of cyclic plasticity
experiments on individual grains within a polycrystalline aggregate.
The lattice strain tensor for each grain is presented in Figure 2.6. As might
be expected, the lattice strain in the loading direction, εyy, for each grain dom-
inates. The transverse strains, εxx and εzz, are nearly identical and oscillate in
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the opposite straining direction to εyy. The values of the normal strains vary
from one grain to another and there appears to be slight differences in Poisson’s
ratio between the grains. The slight increase seen in εyy in each grain as the
strain amplitude increases from 0.3% to 0.5% is consistent with the small eleva-
tion of macroscopic stress in the loading direction seen in Figure 2.3. With all of
its shear strain components remaining near zero, the sample coordinate system
would appear to be aligned with the principal lattice strain directions of grain
4.
The radial FWHM values are shown in Figure 2.7, providing an indication
of how lattice strains are distributed across the grains and how the distribution
changes with deformation. Some slight row to row oscillations can be seen in
some of the FWHM values in Figure 2.7, indicating changes in the radial (2θ)
spread from tension to compression. In some cases, the FWHM is larger in ten-
sion, in others it is larger in compression. The oscillations mean that a peak is
spreading radially at one end of the cycle, then contracting back when returning
to the other end. X-rays and classical line broadening analysis have been used
in the past to study cyclic plasticity and how radial broadening differs with
respect to monotonic loading [83]. However, these real-time measurements of
the tension/compression oscillations observed in Figure 2.7 should create ques-
tions regarding a strong link between the radial FWHM and dislocation density
during cyclic plasticity conditions; can dislocation density truly increase then
decrease cycle after cycle? Increases can also be seen in the radial FWHM val-
ues for many peaks when the strain amplitude is increased to 0.5%. However,
some peaks don’t seem to change at all with loading “direction” or strain am-
plitude (e.g. grain 4, reflection #4). There are definite differences in the radial
FWHM trends with hkl. Some of these have to do with the radial geometry of
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diffraction, in general, others could be a result of real hkl–related differences i.e.
decrease in the intensity of higher ordered peaks. We only accumulated three
cycles at each strain amplitude so it will be important to understand the appear-
ance of these distributions with many more cycles.
The azimuthal (η) FWHM values for each reflection at each load step are
shown in Figure 2.8. These values are closely related to the spread of orienta-
tion across each of the grains; the azimuthal FWHM of each hkl can be thought
of as a projection of the ODF within the grain. There is a distinct difference be-
tween the data from the 0.3% strain amplitude tests compared to those at 0.5%.
The tension / compression differences are again apparent in these data - espe-
cially at 0.5%. However, all of the peaks in each grain experience a greater value
of FWHM at the compressive end of the cycle. This results in each data set ap-
pearing “striped” as opposed to the checkered patterns observed in Figure 2.7.
To check the importance of loading “direction” on the azimuthal FWHM
evolution, we conducted a subsequent 0.5% strain amplitude test on an iden-
tical OMC copper specimen beginning the loading in compression instead of
tension. The question was, would the compression / tension azimuthal FWHM
asymmetry persist with the loading reversed? A total of eight cycles were per-
formed at a strain amplitude of 0.5%. In contrast to the tension-first experiment,
the compression-first experiment exhibited larger azimuthal FWHM values in
tension, not compression. The observation implies that the direction of initial
loading (tension or compression) influences the FWHM oscillations at least in
the first eight cycles. Questions that need to be addressed include: does this
asymmetry shake down with increased number of cycles; are these effects the
result of some initial condition in the material; if these asymmetries persist, are
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they important to fatigue life?
2.8.2 Orientation, stress and plastic strain rate fields
Extracting the internal structure from the data is a fundamental challenge of
diffraction data reduction and requires a model of the material - an estimate
of the material structure based on the acquired diffraction data. Bragg’s law
and the Laue equation are examples of some of the earliest and certainly the
most influential models of material structure based on diffraction. The work
in this paper is motivated by the desire to understand the important details of
the evolving grain scale micromechanical state that will eventually produce a
fatigue crack within a cycling polycrystal. Crack initiation is strongly related
to various manifestations of heterogeneity. We choose a crystal-based finite el-
ement model that is capable of very accurately representing the structural het-
erogeneity within a polycrystal but, more importantly, contains the constitutive
fidelity to describe the evolving heterogeneity of micromechanically relevant
fields such as stress, lattice orientation and plastic strain rate. The forward
model or virtual diffractometer is the method we employ for comparing the
experiment to the model. Once satisfactory agreement is established between
the experimental data and model results, the finite element representation be-
comes a powerful hypothesis generation tool for extrapolating far beyond what
is possible experimentally.
As an example of the comparisons that can be made between simulations
and experiments, results from grain 2 are presented. Figure 2.9 presents com-
ponents of the lattice strain tensor from grain 2. The normal components show
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good comparison, while the shear strains show some deviation. Figure 2.10 pro-
vides radial and aziumthal FWHM data from grain 2. The values are close in
magnitude and many of the general trends seen in the experimental data also
appear in the simulation results. With the link between the azimuthal FWHM
and slip-driven crystal re-orientation, this is a very important result. It basically
demonstrates a level of consistency in the complex slip processes represented in
the model and those responsible for the azimuthal broadening in the material.
The model also predicts differences between tension and compression FWHM
values for both radial and azimuthal distributions and we see the checkered pat-
terns in the radial FWHM results similar to the experimental data. The striped
pattern observed in the azimuthal FWHM experimental data are not present in
the simulated data, however. Looking row by row, it appears that the azimuthal
FWHM are well captured in tension by the model, but the higher values for ev-
ery peak seen in the experimental data in compression are not captured in the
simulation. There appears to be asymmetry in each simulated FWHM value, but
some hkl s are biased towards tension, others toward compression. The under-
lying cause of the azimuthal FWHM tension-compression asymmetry requires
further investigation as does the differences between the model and experiment.
Examining Figure 2.3, we see differences between the macroscopic stress-strain
data from the model and the experiment at the reverse yield points in each
cycle; the macroscopic yield asymmetry and elastic-plastic transition that is a
characteristic in many hysteresis loops is not well-captured by the model. Such
loading path dependent behavior is often modeled phenomenologically on the
macroscale using kinematic hardening and/or multi-surface plasticity models
[52, 53]. Such a model could be implemented rather simply by introducing a
“backstress” in addition to the slip system hardening equation (Equation 2.13)
38
[16]. However, other options more directly related to the actual shearing rates
experienced by the slip systems within each crystal can now be explored us-
ing the FWHM data. The more important point to emphasize here is that the
FWHM results represent fundamentally new cyclic plasticity data from every
crystal within the aggregate and the virtual diffractometer represents a funda-
mentally new method for comparing model results to experimental data to im-
prove our understanding of crystal scale plasticity processes.
The lattice orientation, von Mises effective stress and the effective plastic
strain rate fields, as calculated from the finite element data, for grain 2 at +0.5%
on the final cycle are shown in Figure 2.11. From an experimental perspective,
these data are the result of the final step in the data reduction process. The het-
erogeneity in these fields is immediately obvious. There are regions in grain 2
that remain at the initial orientation and there are other regions that have rotated
almost one degree. This is all during straining that never exceeded 0.5%. Most
of the large values occur near the grain boundary but some interior regions with
large misorientations exist as well. The fact that these rotations are reasonable is
verified by examining the comparison between the azimuthal FWHM values in
Figure 2.10. With the connection between lattice (elastic) strain and the crystal
stress, the accuracy of the von Mises stress computed for each crystal is directly
related to the radial FWHM comparison in Figure 2.10. Highly stressed regions
occur on the boundary and within the interior and the large values of stress may
or may not coincide with regions of high plastic strain rate. This makes sense
in that regions within a grain that experience large stresses may be constrained
in a way that prevents plastic flow. In the end, it will take the simultaneous
examination of all three fields (and possibly some others) locally within a grain
to understand the processes that lead to the initiation of a microcrack.
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2.9 Summary / Conclusions
A methodology for understanding material evolution under cyclic plasticity
conditions related to fatigue was presented. A coupled approach was devel-
oped, which employs a combination of high energy x-ray diffraction (HEXD)
data and finite element simulation results to create a comprehensive picture
of the deformation processes occurring within individual grains inside a de-
forming polycrystalline aggregate. The experimental data consists of diffracted
intensity distributions obtained from individual crystals during cyclic deforma-
tion of a polycrystalline sample. The centroids (COM) and full width at half
maximum (FWHM) values relative to the detector coordinates 2θ and η, were
used to illustrate the richness of the diffraction data and its potential. Changes
in 2θ and η for a peak are known to be related to the evolution of the strain and
orientation distributions, respectively, within the crystal producing that peak.
An OMC copper specimen was cycled at two strain amplitudes, 0.3% and
0.5%. Four crystals with orientations spread over the stereographic triangle
were analyzed by conducting HEXD experiments at several points during the
loading history. Each crystal exhibited distinct behaviors. The 2θ and η COM
values are related to the evolving grain-averaged lattice strain tensor and aver-
age lattice orientation within each grain, respectively. Both evolved significantly
between tension and compression portions of the cycles. The FWHM values of
2θ and η, which are related to heterogeneity of lattice strain and orientation,
respectively, also evolved with cycling, having different values in tension as
compared to compression. The FWHM values measured for η were consistently
larger at the compression end of the cycles for all grains. This trend switched
when the cyclic loading was initiated in compression instead of tension.
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The finite element results for one grain were compared to the experimental
COM and FWHM data using the virtual diffractometer methodology. It was
seen that key aspects of the complex slip mechanisms that take place within the
crystal were consistent between experiment and model. The model predicted
the tension/compression asymmetry of the FWHM values seen in the data but
didn’t always agree with the larger azimuthal FWHM values seen in the ex-
perimental data in compression. The source of the tension/compression asym-
metries is not well understood, nor is its longevity with cycling or importance
to the microcrack initiation process. Finally, the stress, orientation and plastic
strain rate fields within one grain as predicted by the finite element model were
shown. Significant heterogeneity was observed in all three fields with inter-
esting points of mutual maximum and minimum values also observed. These
results demonstrate the utility of the methodology for understanding heteroge-
neous nature of grain-scale deformation. The application of the research and its
ultimate goal is a theory for microcrack initiation in ductile polycrystals.
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CHAPTER 3
OBSERVING STRUCTURAL HETEROGENEITY WITHIN A
POLYCRYSTAL DURING CYCLING USING HIGH ENERGY X-RAY
DIFFRACTION AND THE IMPLICATIONS FOR CRYSTAL SCALE
MODELS
3.0.1 Abstract
Developing a fundamental understanding of the early stages of fatigue crack
initiation within ductile metals will require novel experimental tools capable of
monitoring changes in structural heterogeneity during deformation. Emerging
synchrotron high-energy x-ray diffraction (HEXD) techniques coupled with ad-
vanced data analysis approaches provide in situ quantitative measures of grain
scale orientation and strain heterogeneity from a deforming polycrystalline ag-
gregate. HEXD measurements were collected from oxygen free high conduc-
tivity copper and a copper alloy containing precipitates as they were cycled at
fixed strain amplitude. The data revealed non-intuitive micro-mechanical be-
havior during cycling, along with drastic differences in the response of the two
materials. The crystal plasticity formulation, initially not capturing the intri-
cate micro-mechanical response or each grain, was extended to incorporate an
anisotropic slip system hardening model. Results from the newly implemented
hardening model reveal closer agreement with experimental data, however, fur-
ther material-dependent enhancements may be warranted if grain scale com-
parison is desired between experiment and simulations.
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3.1 Introduction
Fatigue crack initiation generally represents the longest, yet most poorly under-
stood portion of a component’s fatigue life. While a robust fatigue crack initia-
tion theory has not emerged, some important trends have surfaced from crack
initiation experiments conducted over the past century. Within the low-cycle
fatigue regime, heterogeneous plasticity has consistently played a role in micro-
crack initiation within ductile metals. Ewing observed that deformation was
concentrated within ‘slip-bands’ of cyclically loaded polycrystalline Swedish
iron and that cracks would eventually develop within these bands if material
cycling continued [23]. Thompson studied single crystal samples oriented for
single slip (SCSS) and popularized persistent slip bands (PSBs): regions of lo-
calized slip which remain visible even after electropolishing [73]. The simple,
uniaxial crystal stress state that produced slip primarily on one slip system al-
lowed researchers to formally connect the location of PSBs to crack initiation
sites in SCSS specimens [25, 55, 5, 29, 56, 58, 43, 8, 4]. Investigations of poly-
crystalline samples challenged the concise model of crack initiation for SCSS
specimens, where crystal scale anisotropic properties combined with the need
to simultaneously satisfy compatibility and equilibrium produce nonuniform,
multiaxial stress states across grains [20, 46, 85].
The early work employing optical microscopy, to track the appearance of
heterogeneous structure on the surfaces of samples, lacked the ability to observe
internal microstructural evolution [25, 88, 5]. The development of transmission
electron microscopy (TEM) allowed researchers to study the formation of dislo-
cation structures within cyclically deformed materials and has enabled the de-
velopment of theories of cyclic strain hardening, PSB formation, and microcrack
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initiation [36, 10, 6]. Nonetheless, the bulk of TEM micrographs are made from
post-mortem thin foils from small regions within individual crystals. Due to its
inability to study bulk samples in situ, TEM’s potential for enabling the kind
of understanding that is necessary for a comprehensive fatigue crack initiation
theory is on its own limited.
During the last decade, advances in high energy X-ray diffraction (HEXD)
techniques [65] have redefined the way structural materials are characterized
[54]. Modern x-ray techniques provide an opportunity to observe the non-
homogeneous deformation within each grain of a polycrystal using in situ load-
ing. In earlier work we showed that diffraction peaks continuously increased
in size as a copper sample was deformed monotonically into the plastic regime
[86]. This increasing peak size was connected to the growing inhomogeneity of
orientation and lattice strain within each grain. Throughout the rest of this work
”structural heterogeneity” references the deformation induced heterogeneity of
lattice plane orientation and lattice strain.
In contrast to the monotonic loading experiment, the size of diffraction
peaks does not continually increase with additional inelastic deformation dur-
ing fully-reversed cyclic loading. The diffraction peaks actually contract during
the excursion from one end of the hysteresis loop to the other, meaning that the
underlying distributions of lattice orientation and strain become less heteroge-
neous with non-zero elastic-plastic straining [60]. The experimentally measured
azimuthal full width at half maximum (FWHM) of diffraction peaks were con-
sistently larger in compression when compared to tension when cycled under
fixed strain amplitude. Simulations coupled with a virtual diffractometer cap-
tured the observed asymmetry in peak size between tension and compression,
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however, not every diffraction peak indicated larger heterogeneity of orienta-
tion and strain in compression as observed experimentally [85].
The current work examines samples of a copper alloy containing precipi-
tates and oxygen free high conductivity (OFHC) copper. The two materials are
similar in terms of grain size and orientation distribution, however, their strain
hardening behaviors differ due to presence of precipitates in the copper alloy.
These two materials serve as prime examples to investigate the correlation be-
tween slip system hardening and deformation induced grain-scale heterogene-
ity of orientation and strain. Each material is cyclically deformed between ten-
sion and compression while performing HEXD measurements. A portion of the
copper alloy experiment is simulated using an elasto-viscoplastic crystal plastic-
ity model. The simple, isotropic slip system hardening assumption is extended
to incorporate anisotropic slip system hardening into the formulation, i.e., the 12
primary slip systems of are allowed to harden at different rates. Variations of the
anisotropic hardening model are implemented to investigate their effect on the
development of intragrain heterogeneous deformation during plastic cycling.
The experimental and simulation data are then discussed within the context of
the kinematics and governing equations.
3.2 Experimental Methods
3.2.1 High energy x-ray diffraction experiments
Copper is a well studied, ductile metal generally accompanied with a relatively
simple initial microstructure. Polycrystalline samples made from oxygen free
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high conductivity (OFHC) copper and Okegawa mold copper (OMC) were me-
chanically cycled at the Advanced Photon Source 1-ID beamline. OMC is copper
alloy containing precipitates composed of chromium (0.5 wt.%) and zirconium
(0.02 wt.%), exhibiting a relatively high yield strength. OFHC copper, on the
other hand, begins in an annealed state, exhibiting a low strength prior to strain
hardening. Both materials display a uniform orientation distribution function
and an average grain size of about 60 - 70 µm as shown in the electron backscat-
ter diffraction (EBSD) orientation maps of Figure 3.1. Samples had a 9 mm long
gage section with a 2 mm x 2 mm square cross-section within the gage region.
Figure 3.1: EBSD orientation maps for the (Left) OMC alloy and (Right)
OFHC copper. Different colors represent unique orientations.
The HEXD rotating crystal method, coupling the far-field1 experimental
geometry and the GE area detector is depicted in Figure 3.2. Combining a
monochromatic x-ray beam (80.725 keV) with the far-field geometry provides
crystal strain and orientation resolution. During an x-ray measurement, the en-
1The sample to detector distance is on the order of 1 meter during a far-field experiment.
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tire sample is rotated about the loading axis to bring various lattice planes into
the diffraction condition. Meanwhile, the GE area detector is synchronized with
the rotation such that each detector image records the integrated intensity for an
increment of rotation, ∆ω. The macroscopic load is reduced to 90% of the peak
load during HEXD measurements to minimize microstructural evolution dur-
ing data acquisition. The x-ray beam had a size of 400 x 400 microns during
each experiment.
Yl ,Ys 
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Figure 3.2: Schematic of the HEXD experimental setup. The laboratory co-
ordinate system, {Xl,Yl,Zl}, is fixed while the sample coordi-
nate system, {Xs,Ys,Zs}, rotates about the loading axis by an-
gle ω. Points on the detector can be described using its rectan-
gular coordinate system, {Xd,Yd} or a “polar” coordinate sys-
tem, {2θ, η}. The angles 2θ and η correspond to the Bragg angle
and the azimuthal angle respectively. The sample to detector
distance, D, was about 1 m for each experiment.
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3.2.2 Connecting diffraction peak spreading with structural
heterogeneity
Plastic deformation of a polycrystal generally results in heterogeneous de-
formation fields across each grain [20, 46, 85]. Introducing spatial gradi-
ents of lattice plane spacing (strain) and orientation into individual grains
causes the diffraction peaks to spread on an area detector. This connection be-
tween distributions of x-ray diffracted intensity and plastic deformation is well-
documented for both monochromatic and polychromatic x-ray measurements
[34, 40, 59, 81, 78, 84, 76, 77, 79]. Just as nonlinearity in the macroscopic stress-
strain response serves as a sign of plastic deformation of a macroscopic sample,
diffraction peak shape change serves as the microscopic indicator of heteroge-
neous structure within grains. Some peaks spread significantly, others very lit-
tle, depending on the orientation of the lattice planes associated with the peak
(hkl) relative to the active plastic slip plane(s) [62, 63]. Azimuthal spreading
on the detector is dominated by the plastically-generated heterogeneity of ori-
entation within a crystal, while radial spreading is the result of heterogeneous
straining of a crystal [85].
3.2.3 Diffraction peak analysis
Roughly 100 diffraction events intersect the detector plane for each grain
throughout the full rotation of the sample. The orientations of grains within the
sample are unknown a priori, so data reduction begins by indexing - associating
the various diffraction peaks with unique grain orientations within the diffrac-
tion volume [13]. Once indexed, diffraction peak fitting proceeds as depicted in
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Figure 3.3. Each peak is integrated twice, first in the radial direction and then,
in a separate operation, the azimuthal direction [60]. The integration collapses a
peak into two, two-dimensional profiles: 1) intensity versus azimuthal angle, η,
and 2) intensity versus radial angle, 2θ. Each of these two-dimensional profiles
is fit using a split pseudo-Voigt function to determine the center of mass (COM)
and the full width at half maximum (FWHM) values. Collectively, the 2θ COM
values for each grain are utilized to calculate the grain’s average lattice (elastic)
strain tensor, a procedure documented in [13].
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Figure 3.3: Schematic of the diffraction peak fitting procedure used to
measure the radial and azimuthal COM and FWHM values of
each peak [60].
Increases in the heterogeneity of orientation within a grain (misorientation)
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are directly captured within its azimuthal peak widths, therefore, we develop
an x-ray diffraction based misorientation metric. The azimuthal FWHM value
at the first x-ray measurement corresponding to the undeformed state, (ηFWHM0 )n,
is subtracted from the ith measurement, (ηFWHMi )n, for each diffraction peak n of
a grain.
(∆ηFWHMi )n = (η
FWHM
i )n − (ηFWHM0 )n (3.1)
These differences are then averaged across all of a grain’s, N, diffraction peaks.
ζ =
1
N
N∑
n=1
(∆ηFWHMi )n (3.2)
The misorientation metric, ζ, effectively collapses the collective information
contained within all peaks for one grain. This calculation is repeated for every
grain at each x-ray measurement point during the experiment. Similarly a met-
ric is developed for the radial, 2θ, broadening of diffraction peaks characterizing
the distribution of lattice plane spacing (strain) within each grain.
(∆2θFWHMi )n = (2θ
FWHM
i )n − (2θFWHM0 )n (3.3)
Θ =
1
N
N∑
n=1
(∆2θFWHMi )n (3.4)
Increases in ζ and Θ indicate growing misorientation and strain heterogene-
ity respectively, while decreases can be interpreted as a return towards the initial
state. Condensing all of the diffraction peaks from each grain into two quanti-
ties, ζ and Θ, ignores the individual character inherent in a diffraction peak,
since each peak is itself a unique projection of the structure within a grain [62].
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Homogenizing all of the peaks and presenting a single scalar value neglects the
true depth of available data, but allows us to simultaneously compare the be-
haviors of numerous grains across multiple HEXD measurements. The lattice
heterogeneity metrics, ζ and Θ, enable a grain by grain comparison of every
grain within the diffraction volume.
3.3 Simulation Methods
This section outlines the anisotropic, elasto-viscoplastic crystal-scale finite ele-
ment formulation. We focus our attention on the hardening equations within
the crystal plasticity constitutive model to determine the impact of various slip
system hardening assumptions on the resulting structural heterogeneity. Simu-
lations incorporating both isotropic and anisotropic hardening conditions are
investigated. A detailed description of the crystal plasticity model is found
within [19, 51, 50].
3.3.1 Crystal Kinematics and Slip Kinetics
Motion of a material point is described through a decomposition of the defor-
mation gradient, F, into plastic slip, Fp, a rigid body rotation, R∗, and an elastic
stretch, Ve.2
F = Ve R∗ Fp (3.5)
2Vectors and second-order tensors are indicated with bold face lower and upper case letters,
respectfully. The vector outer product of two vectors, a and b, is indicated as a ⊗ b while the
trace of a second order tensor A is denoted as tr(A).
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The kinematic decomposition of F is expressed schematically in Figure 3.4. Each
portion of the decomposition moves the material point to a new configuration,
starting from the reference configuration B0 through to the current configura-
tion, B. The intermediate configuration, Bˆ represents a stress-free configuration.
The velocity gradient, L, calculated as the time-rate-of-change of F, is written as,
L = F˙ F−1. (3.6)
Further decomposition expresses L as the sum of the rate of deformation, D,
(symmetric portion of L) and the spin, W (skew portion of L).
L = D + W (3.7)
The model assumes small elastic strains, ee, allowing the elastic stretch to be
rewritten as,
Ve = I + ee (3.8)
where I is the identity matrix. The elastic response is governed by Hooke’s law.
τ = C(R) ee (3.9)
The stiffness matrix, C, is a function of the crystal orientation, R. Substitution of
Equation 3.5 into Equation 3.6 and separating out the deviatoric portion yields:
tr(D) = tr(e˙e) (3.10)
and
e˙e = D′ − (Dˆp′ + ee′Wˆp − Wˆpee′) (3.11)
where primes (′) indicate the deviatoric portion of the tensor they accompany.
The plastic spin is expressed as:
Wˆp = W − (ee′Dˆp′ − Dˆp′ee′) (3.12)
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Figure 3.4: Kinematic decomposition of the deformation gradient, F, into
plastic slip FP, lattice rotation, R∗, and elastic stretch, Ve. The
material point advances from the reference configuration, B0,
through the intermediate configurations, B˜ and Bˆ, to the cur-
rent configuration, B.
where the plastic spin, Wp, and the plastic deformation rate, Dp′, are mapped to
Wˆp and Dˆp′ using R∗ in accordance with Figure 3.4.
Plastic deformation is accommodated through slip on the twelve
{111}<110> crystal slip systems. The plastic shearing rate on the jth slip sys-
tem, γ˙ j, is expressed in a power law form:
γ˙ j = γ˙0
(
τ j
g j
)1/m
sgn(τ j) (3.13)
where γ˙0 andm are material constants, τ j is the resolved shear stress, and g j is the
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slip system strength of the jth slip system. Slip system strengthening equations
are provided in Section 3.3.2.
The plastic deformation rate is a function of the slip system shearing rates
and the symmetric portion of the Schmidt tensor.
Dˆp′ =
12∑
α=1
γ˙α(sˆα ⊗ mˆα)S (3.14)
The lattice orientation, R∗, is updated as follows,
R˙∗ =
(
WˆP −
12∑
α=1
γ˙α(sˆα ⊗ mˆα)A
)
· R∗ (3.15)
where (sˆα ⊗ mˆα)A is the antisymmetric (skew) portion of the Schmidt tensor.
3.3.2 Slip System Hardening
The simplicity of implementing an anisotropic hardening model into an already
existing isotropic framework is quite appealing, since the need to solve addi-
tional global solutions or an expanded boundary value problem is not required.
Anisotropic hardening is incorporated through a modification of the Voce hard-
ening law,
g˙i = h
( gs(γ˙) − gi
gs(γ˙) − g0
)n 12∑
j=1
~i j | γ˙ j | (3.16)
where ~ is the interaction matrix and i denotes slip systems. The saturation
strength is defined as,
gs(γ˙) = gs0
(∑ ||γ˙ j||
γ˙s0
)m′
(3.17)
where gs0, γ˙s0, and m′ are material constants.
The interaction matrix was first defined by Kocks in [39] to include slip inter-
actions among any of the primary slip systems of an FCC crystal. The matrix is
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simplified here to only allow interactions between coplanar slip systems. Coef-
ficients for all other slip interactions are equal to zero and left blank in ~ below.
[~] =

d h h
h d h
h h d
d h h
h d h
h h d
d h h
h d h
h h d
d h h
h d h
h h d

(3.18)
Within the interaction matrix, d is the diagonal coefficient and h is the slip
family coefficient. Hardening of a slip system due to its own straining is termed
direct hardening, while hardening of a slip system due to straining of another
slip system is termed latent hardening. Setting d equal to one or zero turns
direct hardening on or off respectively. Making h nonzero will invoke latent
hardening of the coplanar slip systems, where the magnitude of h can be either
larger or smaller than unity. Populating the entire interaction matrix with ones,
including blank values, would result in isotropic hardening.
Comparing the anisotropic hardening model provided in Equation 3.16 to
the isotropic hardening equation below highlights the differences between the
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hardening assumptions.
g˙ = h
( gs(γ˙) − g
gs(γ˙) − g0
)n 12∑
j=1
|γ˙ j| (3.19)
Every slip system, j, within the isotropic formulation shares the same strength
(g j = g) and slip system hardening rate (g˙ j = g˙).
This brief summary of the crystal plasticity model is by no means compre-
hensive. Rather the goal is to highlight the deformation kinematics and the
equations governing crystallographic slip and rotation of each element. The
slip system strengths, g j, and the lattice orientation, R∗ are the two state vari-
ables updated at every element during deformation. Azimuthal diffraction peak
broadening originates from nonuniform rotation of the crystal lattice, i.e., a dis-
tribution of R∗ values across a single grain, while radial broadening is the result
of nonuniform strain, ee. Equation 3.15 reveals that R˙∗, the rate of rotation of
the crystal lattice, is coupled to the slip system shearing rates, γ˙ j. The strength-
ening rate of each slip system, g˙ j, is also a function of γ˙ j. Modification of the
hardening assumption will inherently alter the resulting lattice rotation of each
element. This connection between lattice rotation and the slip system harden-
ing equation, guides us to study the sensitivity of hardening assumptions on
the resulting structural heterogeneity.
3.3.3 Simulation of Cyclic Loading Experiments
During our previous experiments, we tracked four specifically chosen grains
within the polycrystal [60]. We shift our focus to the aggregate by experimen-
tally tracking a volume of material containing hundreds of grains. The virtual
cube with 1 mm side lengths contains 500 grains, so that the nominal grain
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size within the simulations mimicked the OMC alloy. The finite element mesh
was instantiated through the Poisson-Voronoi tessellation algorithm within the
Neper software package [67]. Every grain is discretized into thousands of el-
ements such that spatial variation of orientation and strain is captured across
each grain. The material exhibits little texture, therefore, each grain was as-
signed an orientation by sampling a random distribution of orientations. Slip
system parameters were determined by matching the simulation macroscopic
stress-strain response with the experimental curve [85]. Table 3.1 compiles all of
the slip system parameters for OMC, and the single crystal elastic constants for
copper [31]. Each simulation deformed the virtual aggregate at a strain ampli-
tude of 0.3% for one tension-compression cycle.
C11 C12 C44 h0 (MPa) g0 (MPa) gs0 (MPa) m m’ γ˙0 (s−1) γ˙s0 (s−1)
164 122 75 800 85 285 0.01 0.0 1.0 5 × 1010
Table 3.1: Single crystal elastic constants for copper employed in the simu-
lations in units of GPa, along with the elasto-viscoplastic model
constants used for OMC copper. Values for h and d are provided
in Table 3.2
Experimental studies have attempted to determine the relative strengths
of interactions amongst slip systems [39, 26, 91]. Approaches utilizing dy-
namic dislocation simulations have sought the same goal [22, 21]. Three in-
dependent simulations with different interaction matrices are summarized in
Table 3.2. Simulation 1 populates the entire interaction matrix with ones, in-
voking isotropic hardening. Simualation 2 sets d, the diagonal coefficient, to
unity and h, the slip family coefficients, equal to 1.4. Selecting a value of h
greater than unity makes coplanar slip systems strengthen at a faster rate than
the active slip system. The choice of h = 1.4 falls in line with the experimental
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Simulation Description d h
1 Isotropic hardening 1 1*
2 Latent w/ direct hardening 1 1.4
3 Latent w/o direct hardening 0 1.4
*Note: The entire interaction matrix is populated with ones for
isotropic hardening including blank values in Equation 3.18.
Table 3.2: Summary of finite element simulations and values for the diag-
onal coefficient, d, and the slip family coefficient, h, in the inter-
action matrix, ~, defined by Equation 3.18
measurements of Kocks [39]. The final simulation, Simulation 3 invokes latent
hardening with no direct hardening. The parameters for the three simulations
were chosen to span three extreme hardening assumtions within the anisotropic
hardening framework.
3.3.4 Virtual diffractometer
HEXD measurements can be examined relative to crystal plasticity simulation
results by juxtaposing the experimental results with synthetic diffraction data
produced using a virtual diffractometer [86, 60, 85]. The finite element frame-
work stores the state of each finite element as the sample is virtually deformed,
including three dimensional fields of elastic strain and lattice orientation within
each grain. Our goal is to compare to the experimentally measured x-ray diffrac-
tion metrics, ζ and Θ, to the simulated spatial strain and orientation fields. Un-
fortunately, the experimental data cannot be inverted to extract the spatial dis-
tribution of strain and orientation, however, we can projcect the simulation re-
sults through the virtual diffractometer. Each material point, having its own
orientation and strain, serves as a unique diffraction volume to collectively pro-
duce synthetic detector images [86]. The diffraction peaks contained within
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these synthetic images are analyzed using the same peak fitting procedure as
the experimental images described in Section 3.2.3. Using this methodology,
simulation and experimental diffraction peaks are directly compared using the
diffraction metrics, ζ and Θ.
3.4 Results
In this current work, we observe the progression of deformation heterogeneity
within OFHC copper and an OMC alloy during plastic cycling. The experi-
mental results present similarities and differences between the two materials
through the structural heterogeneity metrics, ζ and Θ, defined in Section 3.2.3.
A series of crystal plasticity simulations are compared to the experiments via the
virtual diffractometer. The simulations aim to identify the impact of anisotropic
slip system hardening on the grain scale deformation heterogeneity.
3.4.1 Incremental step test on OMC alloy
An incremental step test was performed on an OMC alloy sample. The sam-
ple was first cycled at a 0.3% strain amplitude for three cycles and then an
additional three cycles at a 0.5% strain amplitude as seen in Figure 3.5. Fig-
ure 3.5 plots the grain misorientation and strain distribution metrics, ζ and Θ,
for every grain as the material is cycled between tension and compression for
all six cycles. Every grain exhibits a compression asymmetry in misorientation,
ζ, meaning grains contain more misorientation in compression when compared
to tension. Collectively the grains produce a compression bias in misorientation
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which begins on the first cycle and endures through all six cycles. A majority of
the grains also exhibit a compression bias in strain distribution, Θ.
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Figure 3.5: (Left) Stress-strain history for OMC alloy incremental step test.
Sample was cycled for three cycles at 0.3% strain amplitude
and then an additional three cycles at 0.5% strain amplitude. X-
ray measurements points are labeled at the unloaded state and
the tension and compression loop tips of each cycle. (Center)
Misorientation metric, ζ, and (Right) strain distribution metric,
Θ, plotted for each x-ray measurement point. Each line repre-
sents a unique grain, while the thicker line represents the grain-
averaged value.
3.4.2 Reversing the cyclic loading direction
The compression biased misorientation and strain distribution observed during
the incremental step test poses several questions: 1) will the compression bias
reverse if loading begins in compression instead of tension and 2) will the bias
disappear after a ”large” number of cycles? The incremental step test was re-
peated on a new but metallurgically ”identical” OMC alloy sample with initial
sample loading occurring in compression instead of tension. Similar to the first
experiment, the sample was first loaded at a fixed strain amplitude of 0.3% for
three cycles. Afterwards, the strain amplitude was increased to 0.5% for an ad-
ditional 16 cycles as show Figure 3.7. The misorientation, ζ, and strain distribu-
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Strain Amplitude Cycle # Mean (degrees) STD (degrees)
0.3% Cycle 1 0.022 0.011
0.3% Cycle 2 0.023 0.011
0.3% Cycle 3 0.025 0.012
0.5% Cycle 1 0.107 0.034
0.5% Cycle 2 0.099 0.030
0.5% Cycle 3 0.094 0.029
Strain Amplitude Cycle # Mean (degrees) STD (degrees)
0.3% Cycle 1 0.084 0.026
0.3% Cycle 2 0.096 0.028
0.3% Cycle 3 0.089 0.026
0.5% Cycle 1 0.206 0.049
0.5% Cycle 2 0.201 0.046
0.5% Cycle 3 0.202 0.046
Figure 3.6: The misorientation metric, ζ, from each grain in Figure 3.5
has been replotted as Weibull distributions. Data measured at
the tension tips of the hysteresis loops (Left) are plotted sepa-
rately from the compression loop tips (Right). The accompany-
ing mean and standard deviation of each distribution are pro-
vided.
tion, Θ, are plotted for each grain. Note that data are plotted for cycles 1 and 3 of
the 0.3% strain amplitude and cycles 1, 8, and 16 of the 0.5% strain amplitude.
Upon first glance, the plots of ζ in Figures 3.5 and 3.7 look largely the same.
Close inspection reveals that the compression bias seen in Figure 3.5 has shifted
to a tension bias in Figure 3.7. A majority of the grains now exhibit a tension bias
in Θ as well after reversing the initial loading direction. The compression-first
sample was cycled for 16 cycles at 0.5% strain amplitude instead of just three cy-
cles for the tension-first sample, and consequently we observe more evolution
in both ζ and Θ during cycling at the larger strain amplitude.
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Figure 3.7: (Left) Stress versus strain history for the OMC alloy
compression-first experiment. The sample was plastically cy-
cled for three cycles at 0.3% strain amplitude and then for 16 cy-
cles at 0.5% strain amplitude. X-ray measurements were taken
at the loop tips on cycles one and three at 0.3% strain, and
then on cycles 1, 8, and 16 at 0.5% strain amplitude. (Center)
Misorientation metric, ζi, and (Right) strain distribution met-
ric, ζi. Each individual line represents a unique grain, while
the thicker line represents the average across all grains.
3.4.3 OFHC copper experiment
Focus is now redirected toward OFHC copper to make a comparison between
the mechanical responses the of OFHC copper and OMC alloy. An OFHC cop-
per sample was macroscopically loaded at a constant strain amplitude of 0.5%
for 16 cycles as show in Figure 3.9. The evolution of misorientation, ζ, within
the grains is plotted for cycles 1, 2, 4, 8, and 16. We see various amounts of ten-
sion/compression asymmetry, but unlike OMC alloy OFHC copper does not
show a bias in misorientation between tension and compression during the first
two cycles. Each grain individually exhibits an asymmetry in misorientation,
but produces a value near zero when averaged across all grains. A distinct
tension bias begins to develop after four cycles, and becomes clearly visible by
cycle 16 when the material’s strength is nearing saturation. The Θ plot depicts
an increasing strain distribution within each grain as the sample is cycled. The
deformation induced misorientation heterogeneity observed within the two ma-
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Strain Amplitude Cycle # Mean (degrees) STD (degrees)
0.3% 1 0.018 0.006
0.3% 3 0.018 0.006
0.5% 1 0.077 0.017
0.5% 8 0.090 0.019
0.5% 16 0.100 0.021
Strain Amplitude Cycle # Mean (degrees) STD (degrees)
0.3% 1 0.081 0.021
0.3% 3 0.086 0.021
0.5% 1 0.195 0.041
0.5% 8 0.191 0.045
0.5% 16 0.180 0.043
Figure 3.8: The misorientation metric, ζ, from each grain in Figure 3.7
has been replotted as Weibull distributions. Data measured at
the tension tips of the hysteresis loops (Left) are plotted sepa-
rately from the compression loop tips (Right). The accompany-
ing mean and standard deviation of each distribution are pro-
vided.
terials is drastically different in character. The OFHC copper eventually shows
a tension biased misorientation while the OMC alloy showed a compression
biased misorientation when loaded first in tension.
3.4.4 Impact of hardening assumptions
The misorientation bias is the focus of simulations due to its strong magnitude
and direct link to slip activity. Additionally, the experimental data identified
that the character of the misorientation bias was drastically different between
the two materials. The simulations aim to test the sensitivity of the deformation
induced misorientation heterogeneity, ζ, to the slip system hardening assump-
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Figure 3.9: (Left) Stress versus strain history for the OFHC copper sample
tested at fixed strain amplitude for 16 cycles. (Center) Mis-
orientation metric, ζi, and (Right) strain distribution metric,
ζi. Each individual line represents a unique grain, while the
thicker line represents the average across all grains. X-ray mea-
surements are labeled with points corresponding to the unde-
formed state and the tension-compression loop tips of cycles 1,
2, 4, 8, and 16.
tions. Figure 3.11 shows the stress-strain response for the three simulations
described in Section 3.3 along with the first cycle of the incremental step test
conducted on OMC alloy.
During the first cycle, several x-ray measurements were gathered in addi-
tion to the loop tips presented in previous plots. Points 1-9 depict the locations
along the stress-strain response where data are available from both the experi-
ment and simulations. Simulation data were postprocessed through the virtual
diffractometer to generate synthetic detector images, and diffraction peaks were
fit before calculating the misorientation metric, ζ. The results from this forward
projection are plotted for the three simulations and for the OMC experiment in
Figure 3.12.
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Strain Amplitude Cycle # Mean (degrees) STD (degrees)
0.5% 1 0.153 0.040
0.5% 2 0.178 0.042
0.5% 4 0.215 0.047
0.5% 8 0.266 0.058
0.5% 16 0.299 0.066
Strain Amplitude Cycle # Mean (degrees) STD (degrees)
0.5% 1 0.172 0.034
0.5% 2 0.171 0.033
0.5% 4 0.173 0.034
0.5% 8 0.183 0.035
0.5% 16 0.249 0.044
Figure 3.10: The misorientation metric, ζ, from each grain in Figure 3.9
has been replotted as Weibull distributions. Data measured at
the tension tips of the hysteresis loops (Left) are plotted sepa-
rately from the compression loop tips (Right). The accompa-
nying mean and standard deviation of each distribution are
provided.
3.4.5 Grain-scale stress triaxiality and coaxiality
Stress multiaxiality plays a critical role in processes such as plasticity and fa-
tigue, where deformation and failure criteria are often based upon the stress
state. Many hypotheses regarding damage and crack nucleation identify re-
gions of high stress or strain as potential initiation sites, especially in regions
of high deformation heterogeneity [14]. We investigate the two materials fur-
ther by examining the grain averaged strains extracted from the x-ray data. All
strains are calculated relative to the initial state, and converted to stresses using
Hooke’s Law and the elastic constants shown in Table 3.1. Instead of presenting
the six independent components of the stress tensor for each grain, we calculate
two relevant metrics representing its magnitude and direction: the stress triax-
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Simulation: Isotropic hardening
Simulation: Latent hardening w/ no direct hardening
Simulation: Latent hardening w/ direct hardening
Experiment
Figure 3.11: Macroscopic stress-strain response for the three simulations
summarized in Table 3.2 along with the first cycle of the ex-
perimental stress-strain curve from the OMC incremental step
test.
iality and coaxiality respectively. The stress coaxiality, β, is the angle between
the macroscopic stress state and the crystal stress state: β = cos−1(σ ·S)/(||σ|| ||S||).
Here σ is the measured crystal stress in the laboratory frame and S is the macro-
scopic stress. Triaxiality is defined as, χ = σm
σeff
, with mean stress, σm = σii\3, and
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Figure 3.12: Misorientation metric, ζ, as the virtual sample is deformed
for one cycle. Points correspond to locations labeled along the
stress-strain responses in Figure 3.11.
effective stress, σeff =
√
3
2 s : s where s = σ − σmI.
Figure 3.13 plots the stress coaxiality for OMC alloy and OFHC copper at
the tension and compression loop tips as the materials are cycled. For purpose
of visual aid, the grains for each material are sorted into two categories: larger
average compression coaxiality and larger average tension coaxiality.
Regions of high stress triaxiality are linked with the propensity to accumu-
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OMC Alloy:
Grains Exhibiting Larger 
Coaxiality in Tension
OMC Alloy:
Grains Exhibiting Larger 
Coaxiality in Compression
OFHC Copper:
Grains Exhibiting Larger 
Coaxiality in Tension
OFHC Copper:
Grains Exhibiting Larger 
Coaxiality in Compression
Figure 3.13: Stress coaxiality, β, plotted for the OMC alloy incremental step
test and the OFHC copper at loop tips as the material was
cycled between tension and compression. Grains were sep-
arated for each sample into tension biased and compression
biased groups. The thicker line represents the grain-averaged
value.
late damage in ductile metals [69, 15]. Figure 3.14 plots the triaxiality for the two
materials. Little change is observed in the triaxiality within the OMC alloy dur-
ing cycling. OFHC copper, on the other hand, shows a decreasing distribution
of triaxiality among the grains between cycles 1 and 16.
The isotropic and latent hardening with no direct hardening simulations
were each extended for an additional two cycles to compare the experimen-
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OMC Alloy OFHC Copper
Figure 3.14: (Left) Stress triaxiality plotted for the OMC alloy incremental
step test and (Right) the OFHC copper. The thicker line repre-
sents the average triaxiality. (remove blue line)
tally measured coaxiality during the first three cycles at 0.3% strain amplitude.
Figure 3.15 plots the stress coaxiality, β, for the tension and compression loop
tips for these two simulations.
Figure 3.15: (Left) Stress coaxiality plotted for three tension-compression
cycles of the isotropic simulation, (Right) the latent hardening
simulation with no direct hardening
69
3.5 Discussion
The misorientation and strain distribution metrics, ζ and Θ, represent in situ me-
chanical testing data from individual grains within a deforming sample. Such
data will aid mechanicians in understanding the development of deformation-
induced heterogeneity at the grain scale, particularly for applications where
capturing the appropriate heterogeneity within a model is vitally important.
One such example motivating the present study is crack initiation within duc-
tile metals, where past experiments have shown that plasticity tends to localize
within grains and in some cases leads to cracks. The following discussion high-
lights the trends observed within the experimental data and discusses their sig-
nificance with regards to the development of models capable of capturing the
observed grain-scale heterogeneity within simulations.
3.5.1 Comparison of OMC alloy and OFHC copper
Experimental results displayed a drastic difference between the deformation in-
duced misorientation and strain distributions within OFHC copper and OMC
alloy under similar macroscopic loading conditions. Every grain interrogated
within the OMC alloy exhibits a compression biased misorientation. On the
other hand, the OFHC copper does not exhibit a bias during the first few cycles,
but as cycling continues, the material develops a tension bias by cycle 16. The
difference in the behavior of the two materials originates from the presence of
precipitates within the OMC alloy. The finely dispersed precipitates impede dis-
location motion, providing the OMC alloy with its high initial strength. Unlike
the OMC alloy, the OFHC copper starts with a low strength and strain hardens
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during cycling as defects accumulate within the crystals.
The coaxiality plots for OMC alloy and OFHC copper display a distinct
asymmetry between tension and compression for each grain, meaning the crys-
tal stress state is more closely alignment with the macroscopic stress state at
one loop tip versus the other (tension vs. compression). The crystal stress
states of the OFHC copper tend to become more aligned with the macroscopic
stress state as the material is cycled - a trend not observed for the OMC. The
stress states for OFHC copper also appear to become more homogeneous as
the macroscopic stress approaches saturation. Decreasing coaxiality angles ob-
served in the OFHC copper are consistent with the evolving single crystal yield
surfaces of each grain. As the material strain hardens, the single crystal yield
surface for each grain grows in stress space. Inherently this growth of the yield
surface causes vertices to shift and crystal stress states to align more closely with
the macroscopic stress state.
3.5.2 Reversing the cyclic loading direction
Two independent experiments were conducted using the OMC alloy, differing
primarily by the direction of initial loading (tension vs. compression). Close in-
spection of Figures 3.5 and 3.7 reveals that tension-first loading produces larger
misorientation in compression while compression-first loading generates larger
misorientation in tension. The experimental data implies that the direction of
initial loading defines the critical point during cycling where the misorientation
is the largest. The strain distribution plots in Figure 3.5 and 3.7 reveal that, Θ,
tends to oscillate from high to low in the same phase as the misorientation, ζ.
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All the while the distribution of strain consistently increases in magnitude with
each cycle, even though the macroscopic stress value remain largely unchanged.
Figure 3.7 shows that the average difference in ζ between tension and com-
pression for cycles 1, 8, and 16 at 0.5% strain amplitude decreases in magnitude
with added cycles, i.e., (ζ11 - ζ10) < (ζ9 - ζ8) < (ζ7 - ζ6). This decreasing difference
is graphically highlighted by the convergence of the two dotted lines superim-
posed onto Figure 3.7. We also note that (ζ11 - ζ10) < (ζ9 - ζ8) in Figure 3.9. The
difference in ζ for OFHC copper between tension and compression decreases
between cycles 8 and 16 once the strength approaches saturation.
Traditional low-cycle fatigue models don’t incorporate any information re-
garding initial direction of loading, yet the data show a distinct difference in
the character of structural heterogeneity between samples loaded in tension
first versus compression first. The decreasing bias in ζ between tension and
compression observed in Figure 3.7 might imply that the magnitude of the bias
becomes trivial after a significant number of cycles. Understanding the impli-
cations of these observations with regards to fatigue will require additional mi-
cromechanical measurements as a sample is cycled for a significant percentage
of its life.
3.5.3 Structural heterogeneity during a cycle
The misorientation bias between the tension and compression loop tips presents
an interesting cyclic plasticity phenomenon, which is further investigated by
observing the evolution of ζ during a single cycle. For all of the simulations
and the experiment in Figure 3.12, the value of ζ remains largely unchanged for
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each grain from the beginning of one cycle (Point 2) to the end of the same cycle
(Point 9). All of the simulation results in Figure 3.12 exhibit a minimum in mis-
orientation near Points 5 and 8 of the macroscopic stress-strain curve. A similar
minimum was observed within the experimental data in Figure 3.12 near Point
5. Unlike the simulation, Point 8 was not a local minimum of ζ in the experi-
ment. Future experiments which acquire more measurement points along the
elastic-plastic transition region to determine if a second minimum exist during
the excursion from compression to tension. The observed minima of ζ in both
the simulation and experiment highlights the ability of the crystallographic slip
model to capture the reversible slip process during cycling.
Early SCSS experiments showed similar reversible plastic deformation,
where a small volume within the crystal, the PSB, was accommodating all of
the plasticity [73]. Visually the sample appeared unchanged between consec-
utive deformation cycles, but a large number of cycles lead to the formation
of a crack and eventual failure. A similar analogy can be drawn for our poly-
crystalline samples when interrogated with high energy x-rays. Using ζ as our
metric, it appears that the structure of each grain is largely unchanged from one
cycle to the next, yet eventually a crack would form leading to sample failure
if cycling continued. The nature of the reversible regions across the polycrystal
have a completely different character than the PSBs observed in single crystals,
since the plastic slip processes are no longer restricted to a single slip system.
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3.5.4 Anisotropic Hardening Model
Interpreting the x-ray diffraction data from the perspective of a crystal plastic-
ity model aids in understanding the connection between slip activity and struc-
tural heterogeneity. We specifically investigate the impact of the anisotropic slip
system hardening assumption on the resulting orientation heterogeneity within
each grain. Figure 3.12 plots the misorientation metric, ζ, for the three simu-
lations and the experimental data during the first complete deformation cycle.
The experimental data shows a much larger value of ζ in compression (Point 6)
when compared to tension (Point 9). The isotropic hardening simulation shows
values of ζ which are about equal between tension and compression, tension
(Point 2) being slightly larger for a majority of the grains. Since slip system
hardening is directly tied to reorientation within a grain, we might expect to see
a large change once latent hardening is incorporated. Subfigures 3.12 (b) and
(c) reveal that the latent hardening model does not drastically alter the resulting
misorientation within each grain. The visible effects are a small overall increase
in magnitude when direct hardening is turned off, along with a larger increase
in ζ at the compression loop tip relative to the tensile loop tip. More grains
show larger misorientation in compression instead of tension with direct hard-
ening turned off. Regardless, incorporating the latent hardening model into the
simulation did not generate the strong misorientation bias observed in the ex-
perimental data.
The simulation results in Figure 3.15 show very little difference in β between
tension and compression. Most of the lines are nominally parallel across all
three cycles. However, the experimental data shown in Figure 3.13 shows a dis-
tinct asymmetry in coaxiality for each grain between tension and compression.
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The constant stress coaxiality angle implies that the tension and compression
vertices of the single crystal yield surface evolve by the same amount during the
simulations. The results identify a need to further study crystal plasticity frame-
work that is based on the relatively simple kinematic decomposition shown in
Figure 3.4.
3.5.5 Modeling Implications
Crystal plasticity models require mechanical testing data to fit coefficients asso-
ciated with the internal state variables. Adding to the macroscopic stress-strain
response, x-ray diffraction data provide a new level of detailed comparison be-
tween the experimental data and simulations. The observation of the tension-
compression bias in experimental x-ray diffraction data guided the decision to
explore the influence of hardening assumptions on the deformation induced
heterogeneity within individual grains. Using such insight, modelers can make
adjustments to crystal plasticity models to more closely match the experimental
measurements.
The current modeling formulation does not explicitly model dislocation evo-
lution nor incorporate their influence on deformation. Within the kinematic de-
composition given by Equation 3.5, Fp assumes dislocations fully traverse the
crystal lattice, i.e. the lattice remains unaltered after slip occurs. In reality, dis-
locations could produce both short-range and long-range interactions, and ac-
counting for these interactions has been a topic of discussion in recent literature.
Acharya et. al. point out that lattice incompatibility is characterized by the
skew-symmetric portion of the gradient of Fe and correlated this incompatibility
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to Nye’s dislocation tensor [1]. They then proposed an alteration to the slip sys-
tem hardening rate (Equation 3.19) such that short-range interactions are incor-
porated, making the hardening rate a function of dislocation density in addition
to the slip system shearing rates. In another approach, Gerkin et. al. incorpo-
rated the kinematics and stress effects of excess dislocations into the model by
adding another term into the multiplicative decomposition of the deformation
gradient [27]. The additional term accounted for long range strain due to the
collective effects of excess dislocations. Another recent research direction in-
cludes higher-order strain gradient crystal plasticity models. Non-work conju-
gate formulations take into account a backstress resulting from the presence of
geometrically necessary dislocations(GND) that are required to accommodate
gradients of crystallographic slip [41, 12]. The approaches of Gerkin, Kuroda,
and Bayley have the ability to address the Hall-Petch grain size dependence of
flow stress, but require the introduction of a length scale which often lacks a
physical basis. Regardless of the formulation, all of these approaches attempt to
include the short or long range effects of dislocations into the crystal plasticity
formulation. The x-ray diffraction data combined with the simulation results
support the notion that alterations to the model beyond latent hardening are
required to capture the behavior of the OMC alloy material system.
3.6 Summary and conclusions
A fatigue crack will form in a region which represents the weakest link within
the material. The exact definition of this weakest link is still unknown, but is
likely composed of a detrimental combination of stress and structural hetero-
geneity. Combining x-ray diffraction measurements and finite element simula-
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tions serves as a novel approach to study problems where deformation hetero-
geneity plays a critical role such as fatigue crack initiation.
OMC alloy and OFHC copper were plastically cycled in situ at a synchrotron
source using the high energy x-ray diffraction technique. The diffraction experi-
ments provide a nondestructive means of probing the deforming aggregate and
capturing the dynamic, heterogeneous nature of the crystal scale deformation.
Crystal plasticity simulations were performed to provide insight into experi-
mental observations of a bias in the magnitude of misorientation and strain het-
erogeneity between the tension and compression loop tips of the cyclic experi-
ments. The traditional isotropic hardening assumption was extended to incor-
porate anisotropic slip system hardening. Below we summarize the conclusions
drawn from this series of experiments and simulations.
• Unlike monotonic loading where plastically generated misorientation
within individual grains of polycrystals continually increases with plas-
tic straining, the misorientation during cyclic plasticity oscillates between
two states (tension and compression) across multiple cycles, implying re-
versibility in the slip processes.
• Initial direction of loading determines whether larger misorientation and
strain heterogeneity is observed within grains at the tensile or compressive
loop tip during plastic cycling. The implications of this observation in
terms of fatigue life requires further investigation and data suggests that
the bias in misorientation between tension and compression may decrease
with a large number of cycles.
• Drastic differences were observed in the bias of structural heterogeneity
between tension and compression loop tips for OMC alloy and OFHC cop-
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per. The presence of precipitates in the copper alloy provide OMC alloy
with its strength and subsequently minimal changes in structural hetero-
geneity during cycling. OFHC copper strain hardens significantly during
cycling resulting in significant changes in the structural heterogeneity be-
tween tension and compression.
• Simulations revealed that anisotropic slip system strengthening can both
increase the overall level of structural heterogeneity across an aggregate
and influence the misorientation bias. Introducing latent hardening into
the crystal plasticity formulations did not produce the strong bias in mis-
orientation observed experimentally. The crystal plasticity model based
on a simplified kinematic decomposition may require further modifica-
tion in conjunction with anisotropic slip system hardening to capture the
grain-scale orientation heterogeneity if deemed critical for the problem
under study. A few possible avenues to capture the tension-compression
bias observed experimentally by capturing the effects of GNDs were dis-
cussed.
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CHAPTER 4
CORRELATING THREE-DIMENSIONAL GRAIN MAPS AND
STRUCTURAL HETEROGENEITY ACROSS HUNDREDS OF CYCLES
4.1 Introduction
Chapter 2 presented x-ray measurements using the first tension-compression
capable load frame from the OMC alloy for a total of six cycles. Diffraction
peak widths for all four grains interrogated during the experiment revealed a
distinct compression bias of misorientation - misorientation was consistently
larger at the compressive loop tips when compared to the tensile loop tips when
the material was cycled under fixed strain amplitude. Prior to this observation
monotonic loading experiments showed continually increasing misorientation
within grains with the addition of inelastic strain. This first cyclic work revealed
that inelastic strain can actually reduce the magnitude of misorientation within
grains during fully-reversed cyclic loading.
Chapter 3 presents the first x-ray measurements conducted on commercially
pure copper and presents additional results for the OMC alloy. Samples were
cycled up to 16 cycles, and hundreds of grains from each sample were analyzed
in contrast to the four grains presented in Chapter 2. Monitoring the diffrac-
tion peak widths for hundreds of grains presented a challenge, thus a metric to
characterize the misorientation within each grain as a single scalar value was
introduced. Comparing the changes in misorientation during cycling showed
very different trends for the two materials. The misorientation bias observed in
the OMC alloy appears at the very first cycle and persists for subsequent cycles.
Unlike the OMC alloy, the pure copper does not show a sharp misorientation
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bias for the first two cycles, but a strong bias develops after about four cycles.
Chapters 2 and 3 present advances in both experimental capabilities and
methodology along with the development of data reduction tools, building to-
wards the ability to track the mechanical response of every grain within a sam-
ple. This ability to monitor every grain is essential to advance our understand-
ing of the microplasticity processes leading to the initiation of a crack. Using
high-energy x-ray diffraction, we can now literally watch and structural hetero-
geneity evolve for every crystal while a sample is deformed.
This final chapter highlights a novel experimental technique to nondestruc-
tively measure three-dimensional orientation grain maps using high energy x-
ray diffraction along with advanced data analysis methods to monitor the mis-
orientation within each grain. Previous experiments only deformed the samples
up to a total of 16 cycles. The micromechanical processes occurring at the sub-
grain scale which eventually lead to the initiation of a crack typically evolve
over a much larger number of cycles. For this final experiment, loading of the
sample is extended to a total of 256 tension-compression cycles. Since the spa-
tial distribution of deformation proves important for a problem such as fatigue
crack initiation, the misorientation measurements are combined with the spatial
orientation map to gain understanding about the development of misorienta-
tion spatially across the aggregate.
4.2 Experimental methods
The experimental methods section describes the mechanical loading and x-
ray measurements conducted on pure copper at the Cornell High Energy Syn-
80
chrotron Source. For this experiment, an orientation grain map was measured
using the near-field x-ray diffraction technique prior to sample deformation.
The data reduction procedure to convert near-field x-ray detector images to
three-dimensional orientation maps of grains is summarized in Section 4.2.2.
Section 4.2.4 outlines a novel data reduction process to measure the magnitude
of misorientation within each grain from far-field data without the need to fit
diffraction peaks.
4.2.1 Combined near-field, far-field experiment on pure copper
X-ray diffraction experiments were performed at the F-2 beamline at the Cornell
High Energy Synchrotron Source (CHESS). The sample was electrical discharge
machined from quarter inch diameter commercially pure copper rod. The sam-
ples gauge region had a cross-section measuring 1 mm by 1 mm. After manu-
facturing, the sample was heat treated in a nitrogen environment at 750 ◦C for
two hours.
The experiment was conducted in two parts. During the first beamtime, x-
ray diffraction images necessary to generate the orientation grain map using the
near-field technique were collected. Whereas the far-field experimental geom-
etry enables sensitivity to measure orientation distributions and lattice strains
for individual grains, the near-field is highly sensitive to grain positions. This
sensitivity to position is what enables the generation of the 3-D grain maps.
Near-field data at CHESS is acquired using a Retiga 4000DC detector with a
sensor containing 2048 x 2048 pixels. Each pixel has a 7.4 x 7.4 micron physi-
cal size. The typical setup utilizes a 5x Mitutoyo infinity objective optic which
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creates an effective pixel size of 1.48 microns. A 100 micron thickness LuAG:Ce
scintillator converts the x-rays to the visible light measured by the detector. The
detector for this experiment was placed at a distance of about 8 mm from the
rotation axis at an x-ray energy of 61.332 keV. A total of four, 125 micron tall lay-
ers were measured, effectively enabling the creation of a 1 mm x 1 mm x 0.5 mm
reconstruction of the spatial grain orientation map. The beam width is wider
than the sample during the x-ray measurements. The sample was marked with
a platinum wire so that the mapped volume could be subsequently scanned in
the far-field experimental geometry.
During a subsequent beamtime, the sample was mechanically deformed in
combination with far-field x-ray measurements The GE area detector was uti-
lized with an x-ray energy of 61.332 keV and a sample to detector distance of
about 850 mm. During this experiment, a total of five, 125 micron tall layers
were scanned at each load step, such that the previously mapped volume was
contained within the far-field data. The sample was deformed for a total of 256
tension-compression cycles at a fixed strain amplitude of 0.3%. Detailed scans
around the stress-strain hysteresis loops were measured for cycle numbers 2
and 256 as shown in Figure 4.1. The macroscopic strain was monitored using
digital image correlation (DIC). Cycling of the sample was performed under
displacement control. The displacement endpoints at the hysteresis loop tips
were periodically, manually adjusted to maintain a consistent strain amplitude
based on the DIC data.
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Figure 4.1: Stress-strain history of a cyclic experiment performed on com-
mercially pure copper. The hysteresis loops are plotted for
cycle numbers 2 and 256 of the experiment. Corresponding
x-ray diffraction measurement points are labeled as numbers
1 through 6. The accompanying letters ”C” and ”T” denote
excursions from maximum tension to compression and max-
imum compression to tension respectively. The green arrow
identifies the starting point for each hysteresis loop.
4.2.2 3-D grain map data reduction
Generating three-dimensional orientation maps is not a new technique. Electron
backscatter diffraction (EBSD) is a commercially available technique utilized to
measure two-dimensional orientation grain maps of the surface of a sample.
EBSD combined with serial sectioning is one method to obtain a 3-D orienta-
tion map of a polycrystal. The major disadvantage of such a system is that the
sample is destroyed during the measurement process. Nondestructive X-ray
measurement techniques have also been utilized to obtain three-dimensional
orientation maps of polycrystals. One example is a line beam technique imple-
mented at the Advanced Photon Source. The x-ray beam is focused such that
the beam height is 1 micron with a width larger than the sample [72]. Such a
technique provides good spatial resolution (∼ 1 µ3), however, consumes a large
amount of experimental time since each layer only measures 1 micron of mate-
rial thickness.
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Data contained in this work was reduced using original Matlab-based data
reduction code. The current data reduction technique requires a combined far-
field and near-field data set to generate the three-dimensional orientation grain
maps. Data reduction begins by indexing the far-field data to identify all of the
grain orientations contained within the diffraction volume. These grain orienta-
tions become the seed orientations for the near-field data reduction algorithm.
Similar to the far-field experiments, the sample rotates continuously as
diffraction images are collected. The rotation is synchronized to the detector
triggering such that each detector image corresponds to a 0.25 degrees of ro-
tation. Thus across a full 360 degrees of rotation a total of 1440 images are
acquired. A median dark image is first created from the image stack by cal-
culating the median pixel intensity for each pixel across all 1440 images. The
median dark is then subtracted from each image in the image stack to remove
the background. The next step requires that each image is thresholded and con-
verted to a binary image. Pixels below the threshold are set to zero in the new
binary image stack while pixels with intensity values above the threshold are
set to unity. The binary image stack is utilized in subsequent analysis.
A virtual 3-D voxelated volume is instantiated in Matlab. The size of this
volume is chosen to have a height equal to the beam height (125 microns in
this case) and a cross-section which is about 10% larger than the sample cross
section. For this experiment, the sample’s cross-section measured 1 x 1 mm, thus
a virtual volume with cross-sectional size of 1.1 x 1.1 mm was instantiated. Each
voxel is assigned a centroid position consisting of an X, Y, and Z coordinate.
Each of these points acts as a diffraction center in subsequent data reduction
steps.
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Approaching the reconstruction, we do not know the position of each grain,
however, we do know the possible grain orientations within the volume. Seed-
ing the reconstruction algorithm with a small subset of orientations from the
far-field data eliminates the need to search all of orientation space for possible
grain orientations. The algorithm begins by choosing one grain orientation and
assigning it to all the centroid positions within the virtual volume. The posi-
tion combined with this orientation is input into the virtual diffractometer. The
virtual diffractometer predicts the pixel position and image number within the
image stack of 1440 images for each diffraction peak. The process is repeated
for each grain orientation on the search list provided by the far-field data. Es-
sentially each voxel within the volume under reconstruction is systematically
assigned every orientation measured in the far-field experiment. Each voxel
and orientation combination generates a series of predicted diffraction events
which are recorded in a database.
The list of pixel positions and image numbers is then compared to the binary
image stack. A completeness parameter is defined as the ratio of the number of
experimentally observed diffraction events to the number of predicted diffrac-
tion events. This completeness is defined for each voxel for every possible grain
orientation. The final grain map assigns the grain orientation with the high-
est completeness to every voxel. Figure 4.2 provides a reconstructed layer of a
copper sample containing about 1200 unique grain orientations.
The current implementation of the near-field data reconstruction ignores any
intensity information since the image stack is converted to binary data prior to
reconstruction. Additionally, each grain is assumed to contain only a single
orientation, meaning gradients of orientation across a grain are not extracted
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Figure 4.2: Orientation grain map measured nondestructively using high
energy x-rays and a near-field detector placed about 8 mm from
the sample. (Left) Each individual layer measured using x-ray
diffraction and (Right) the layers stitched together. Each color
represents a different grain; grains can span multiple layers.
Colors are reused for different orientations.
from the x-ray measurements.
4.2.3 X-ray diffraction far-field data analysis
Each x-ray diffraction peak contains a multitude of information. The positions
of every peak collectively from one grain is used to calculate a grain’s orienta-
tion and lattice strain. The profile of each diffraction peak additionally contains
insight into the heterogeneity of lattice orientation along with the heterogeneity
of lattice plane spacing. The data reduction process highlighted here focuses on
extracting the heterogeneity of orientation within each grain. Monitoring the
radial peak widths during deformation provides a means of tracking strain het-
erogeneity, while the azimuthal peak widths provide a measure of orientation
heterogeneity. Chapter 2 of this dissertation focused on only four grains within
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a polycrystal. The diffraction peak widths for the four grains were visualized
as ”quilt” plots - graphically representing the magnitude of each peak width for
every diffraction peak at every load step. Examples of these data were shown
in Figures 2.7 and 2.8.
Plotting and visually interpreting the quilt style plots for a large number of
grains was not feasible, thus heterogeneity metrics were developed to condense
the quilt plots into scalar metrics. These metrics, described in Chapter 3 ef-
fectively averaged the changes in diffraction peak widths across all diffraction
peaks for a single grain. The values of Θ and ζ could then be plotted for each
grain within the diffraction volume as the sample underwent deformation.
Both of these approaches to monitor the grain-scale lattice heterogeneity re-
quire fitting of the diffraction peaks. Typically peak shape functions such as the
Gaussian, Voigt, or Split Pseudo-Voigt profiles are used to approximate the peak
shape. These functions fit the peak profiles relatively well when plastic strain
remains small. Increasing plastic strain causes peaks to broaden and often be-
come asymmetric, increasing the difference between the measured diffraction
peak and the fit profile. Large plastic strains can also result in peak overlap,
once again limiting the ability to fit diffraction peaks with predefined functions.
Section 4.2 describes a novel methodology to monitor the orientation hetero-
geneity within each grain through a method utilizing forward projection. This
new method which produces three-dimensional orientation ”clouds” eliminates
the need to fit peaks and can be used on data sets measured at large plastic
strains.
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4.2.4 Generating single crystal orientation ”clouds”
Orientation space indexer
This work has focused on monitoring orientation and strain heterogeneity
within grains as a polycrystal is deformed. This section provides a new means
of quantitatively measuring the misorientation within each grain. The approach
produces single crystal orientation ”clouds”, which represent the distribution of
orientation within each grain. Tracking the changes of the size of these clouds
in orientation space provides a new metric which is analogous to ζ defined in
Chapter 3. The following outline starts by describing a newly implemented
grain indexing algorithm which is adapted to generate the single crystal orien-
tation clouds.
The subsequent indexing algorithm is specifically described for the FCC
crystal structure since this project has focused on copper. The algorithm has
been successfully implemented for the hexagonal crystals as well.
Indexing begins by preparing the far-field x-ray diffraction images. The pro-
cedure largely mirrors the image preparation outline provided in Section 4.2.2.
A median dark image is generated from the image stack and subtracted from
each image. The images are then thresholded and finally converted to a bi-
nary image stack. The threshold can be quite low for this process, producing
successful results for thresholds ranging from 7-15 counts after median dark
subtraction for the GE area detector.
The next step in the data reduction process involves populating the FCC fun-
damental region with a grid of points - each point representing a unique crystal
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orientation. At the moment, a uniformly spaced grid of points is implemented,
but there is no restriction on the pattern of points implemented in this algo-
rithm. An example of a coarsely populated fundamental region is provided in
Figure 4.3. The fundamental region is subdivided into octants to minimize the
required computational resources. The density of points within each octant de-
termines the thoroughness of the orientation search and also the amount of time
required to index a set of x-ray diffraction images. Grains will be missed if the
grid is too course, however, indexing will take a very long time if the grid is too
fine. Experience has shown that a grid of 180x180x180 points across one each
octant will identify approximately 70-90% of the grains in the data set A grid
of 360x360x360 points across each octant typically results in a comprehensive
search of the orientation space.
X
Y
Z
Figure 4.3: The cubic fundamental region populated with a grid of points
representing unique crystal orientations. The current grid is
relatively coarse - 20 points in each direction across each octant
of the fundamental region. Each octant is colored differently
for visual purposes. Each of these points represents a trial ori-
entation during grain indexing.
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Each grid point (orientation) is then input into the virtual diffractometer.
Scattering is assumed to originate at the sample origin, however, this is not a re-
striction. The virtual diffractometer produces a list of pixel positions and image
numbers for each grid point corresponding to locations where diffracted inten-
sity is anticipated. A completeness threshold is defined, typically over 80%,
which defines a successful observation of an orientation in the data. This com-
pleteness threshold is expressed as the ratio of number of observed diffraction
peaks versus predicted diffraction peaks.
The results of indexing a commercially pure copper diffraction volume is
shown in Figure 4.4. The next step is to cluster observed orientations since
each grain can be potentially observed multiple times, especially when a fine
grid spacing is utilized. The clustered orientations correspond to unique grains
within the diffraction volume. Clustered orientations for the pure copper are
shown in Figure 4.5.
One of the primary advantages of this methodology is that it does not rely
upon peak fitting. Peak overlap due to large deformation or texture can make
indexing difficult with approaches such as fiber indexing. The virtual diffrac-
tion experiment for each trial orientation produces anywhere from about 50 to
100 diffraction events depending on the number of rings on the detector and
the sample rotation angles during the experiment. The completeness threshold
defines whether or not a trial orientation is observed within the sample. Due
to this redundancy of needing to observe many diffraction events for each trial
orientation, even a few overlapped peaks for a grain will not adversely effect
the ability to identify a grain. In fact, this indexing methodology can be used to
process data sets which exhibit powder type patterns due to large plastic strains
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Figure 4.4: Indexed orientations within a volume of commercially pure
copper. Each point represents an observed trial orientation in
the experimental data using a grid of 220 x 220 x 220 trial ori-
entations across each octant. Groups of clustered trial orienta-
tions represent a grain in the sample.
by increasing the intensity threshold when converting the raw detector images
to a binary data stack. Such an approach can help identify whether the diffrac-
tion volume contains very small grains with sharp texture versus few grains
with large amounts of plastic deformation.
As a side note, indexing a polycrystal which has undergone a small amount
of plastic deformation (less than 1% plastic strain) can provide a more compre-
hensive indexing results with a coarser grid. This is due to the fact that diffrac-
tion peaks will spread on the detector with plastic deformation, increasing their
volume in orientation space. The procedure above assumes that the position of
each crystal is at the center of the diffraction volume. If a sample’s cross sec-
tional dimension are large relative to the size of each detector pixel, predicted
locations of diffracted intensity versus observed locations on the detector could
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Figure 4.5: Groups of observed trial orientations are clustered to identify
grains within the diffraction volume. The observed trial orien-
tations within each cluster are averaged to determine the aver-
age orientation of each grain.
differ significantly for grains near the edges of the sample. In this scenario, the
orientation space indexer can be modified such that the position of each grain is
no longer the centered at the origin, but rather, closer to the edges of the sample.
Intensity on currently used x-ray detectors such as the GE detector generally
bleeds to adjacent pixels at reduced intensity. A point spread function is imple-
mented in the virtual diffractometer to capture this spreading of intensity. This
tendency for intensity to spill over to adjacent pixels is advantageous when it
comes to indexing grains using the algorithm described above.
Modification to generate single crystal orientation ”clouds”
The orientation space indexing algorithm is modified to index local regions of
orientation space to build the single crystal orientation ”clouds.” An observed
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grain orientation originating from the indexer is used to seed a sub-volume of
orientation space surrounding the average grain orientation. In the current im-
plementation, a cube is drawn with this seed orientation at the center of the
cube. This cube is then populated with a grid of points. This grid is a local re-
gion of orientation space surrounding a known grain orientation. Once again,
each of the orientations within this cube are input into the virtual diffractome-
ter and predicted intensity is compared to observed intensity. After threshold-
ing a cloud emerges which, represents the distribution of orientations observed
within the particular grain of interest. Figure 4.6 provides an example of a cloud
prior to deformation. The average position of the cloud represents the aver-
age orientation while the size represents the distribution of orientation within a
grain. Both these quantities can evolve with deformation. Figure 4.7 plots the
change in the orientation cloud for one grain as the sample is deformed. The
cloud’s position, size, and shape changes with plastic deformation, signifying
changes in the distribution of orientation within the grain.
The distribution of orientation within each cloud is convoluted with charac-
teristics of the x-ray beam and detector such as divergence and the point spread
function, thus we look at the changes in the cloud shape as a function of de-
formation. The angular extent of misorientation within each grain is quantified
following the approach in [68]. The average orientation is calculated as the cen-
ter of mass position of the cloud as a Rodrigues vector and designated as r¯. The
difference between the Rodrigues vector for each point in the cloud, rα, and the
average orientation, r¯, is designated as wα.
wα = rα − r¯ (4.1)
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Figure 4.6: (Right) Enlarged view of a single crystal orientation cloud gen-
erated after grain indexing. The average position of the cloud
represents the average orientation of the grain while the size of
the cloud is linked to the distribution of orientations within the
grain.
The average misorientation angle, ζ¯, is given by,
ζ¯ = 2
N∑
i=1
φαarctan|wα| (4.2)
The weighting value, φα, used here is one over the total number of points in
the cloud. The average misorientation is computed for each grain within the
aggregate as it deforms. The final step is to quantify the change in average
misorientation from the initial state is to remove the effects of beam divergence
and the point spread function. This is accomplished by subtracting the initial
value of, φα, for the undeformed material from all subsequent measurements.
This final value defines the change in misorientation from the original state for
every grain and will be labeled as ”misorientation” within subsequent figures.
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Cycle 2 - Compression Cycle 2 - Tension
Cycle 256 - Compression Cycle 256 - Tension
Figure 4.7: Orientation clouds for one grain at the compression and ten-
sion loop tips of the experiment for cycle numbers 2 and 256.
Note the change in position, size, and shape of the cloud with
deformation.
4.3 Results
4.3.1 Utility of the orientation grain map
Figure 4.8 shows the orientation grain map for the OFHC copper sample. The
individual layers remain separated to highlight the three-dimensional character
of the data. A total of about 1200 grain orientations were utilized to construct
the grain map. A voxel size of 12.5 microns cubed was chosen for this recon-
struction. Quantities can be superimposed over this grain map to reveal spatial
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trends. As an example, the colors shown in Figure 4.8 correspond to the volume
of each grain within the reconstructed aggregate. Previously, the grain volume
could not be extracted from the far-field data alone. The average grain position
and information regarding neighboring grains is available within the data as
well.
Grain Volume ( log of voxel count)
Figure 4.8: (Left) Each grain’s volume is plotted over the spatial grain
map. Color corresponds to the natural log of each grain’s vol-
ume in voxels. Each voxel’s physical size within the sample is
12.5 microns cubed. (Right) Histogram plotting the natural log
of grain volumes calculated in microns cubed. Grains under
three voxels are omitted in both plots
4.3.2 Intra-cycle misorientation evolution for 2 and 256 cycles
X-ray measurements were performed at specified macroscopic strain values at
cycle numbers 2 and 256 as shown in Figure 4.1 The evolution of misorientation
is track using the methodology described in Section 4.2.4. The distribution of
intensity for each of the measurement points is plotted in Figures 4.9 and 4.10.
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Figures 4.9 plots the the misorientation evolution for cycle number 2 in two
parts. First the excursion from the tension loop tip along the elastic-plastic tran-
sition down to the compression loop tip is plotted. Next the excursion from the
compression loop tip up to tension loop tip is plotted in the same figure. Figure
4.10 repeats these plots for cycle number 256. Note the differences in scales for
Figures 4.9 and 4.10.
Measurement Point Mean (degrees) STD (degrees)
1C 0.047 0.034
2C 0.034 0.030
3C 0.027 0.023
4C 0.025 0.020
5C 0.028 0.017
6C 0.038 0.026
Measurement Point Mean (degrees) STD (degrees)
1T 0.038 0.026
2T 0.029 0.021
3T 0.026 0.017
4T 0.030 0.026
5T 0.043 0.033
6T 0.054 0.038
Figure 4.9: Misorientation evolution plotted as a Weibull distributions
during excursions from (Left) tension to compression and
(Right) compression to tension for cycle 2 on pure copper. The
accompanying mean and standard deviation of each distribu-
tion are provided. Data was measured at points labeled along
the stress-strain history in Figure 4.1.
The spatial distribution of misorientation at the compression and tension
loop tips for cycles 2 and 256 is plotted in Figures 4.11 and 4.12 overlayed on
top of the grain map.
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Measurement Point Mean (degrees) STD (degrees)
1C 0.302 0.128
2C 0.301 0.131
3C 0.293 0.135
4C 0.294 0.135
5C 0.296 0.135
6C 0.287 0.141
Measurement Point Mean (degrees) STD (degrees)
1T 0.287 0.141
2T 0.300 0.132
3T 0.298 0.128
4T 0.296 0.131
5T 0.300 0.127
6T 0.303 0.128
Figure 4.10: Misorientation evolution plotted as a Weibull distributions
during excursions from (Left) tension to compression and
(Right) compression to tension for cycle 256 on pure copper.
The accompanying mean and standard deviation of each dis-
tribution are provided. Data was measured at points labeled
along the stress-strain history in Figure 4.1.
4.4 Discussion
4.4.1 Misorientation evolution at low vs high cycle counts
The evolution of misorientation for both cycle numbers 2 and 256 was mon-
itored through high energy x-ray diffraction measurements on a pure copper
sample subjected to cyclic deformation at a fixed macroscopic strain amplitude
of 0.3%. Figures 4.9 and 4.10 plot the distribution of misorientation across all
of the 1200 grains during these two cycles. Figure 4.9 reveals the dynamic evo-
lution of misorientation evolution for all the grains during cycle 2. First off,
comparison of the tension loop tip (1C) versus the compression loop tip (6C)
reveals a larger distribution of misorientation across the aggregate in tension
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Cycle 2: Compression Cycle 2: Tension
Misorientation (degrees) Misorientation (degrees)
Figure 4.11: Misorientation plotted across the spatial grain map at the loop
tips of cycle number 2. A single color, representing the mag-
nitude of misorientation, is plotted across each grain.
Cycle 256: Compression Cycle 256: Tension
Misorientation (degrees) Misorientation (degrees)
Figure 4.12: Misorientation plotted across the spatial grain map at the loop
tips of cycle number 256. A single color, representing the mag-
nitude of misorientation, is plotted across each grain.
when compared to compression. Between these two points, we observe a dras-
tic evolution in the distribution of misorientation during the transition from
tension to compression. The average misorientation initially decreases and the
distribution of misorientation across the aggregate decreases as well. Continued
inelastic deformation eventually increases the average value and breadth of the
distribution. A similar trend is observed in the excursion from compression
to tension in Figure 4.9 for cycle 2. Figure 4.10 plots the misorientation evo-
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lution for cycle number 256. This figure reveals that the misorientation within
the grains has increased significantly in magnitude and much less evolution is
observed during a cycle. A misorientation bias in compression is still observed
after 256 cycles by comparing the locations of the profile peaks between tension
and compression.
Figures 4.11 and 4.12 plot the spatial distribution of misorientation across the
grain map at the tension and compression loop tips of cycles 2 and 256. Com-
paring the compression and tension loop tips at cycle 2 in Figure 4.11 shows
that individual grains which exhibit a large amount of misorientation in com-
pression, do not always show a large amount of misorientation in tension as
well. Conversely, Figure 4.12 reveals that generally a grain exhibiting a large
misorientation in compression also exhibits a large misorientation in tension.
Comparing grains across cycles 2 and 256 shows that a large misorientation
value at a low cycle number does not necessarily imply a large misorientation
at a higher number of cycles.
Analysis of the misorientation distribution did not reveal any correlation be-
tween misorientation and grain orientation. Additionally, grains near the sur-
face were not statistically more likely to exhibit higher misorientation. A lack
of obvious trends in the misorientation data points toward the importance of
grain to grain interactions. The experimental data implies that the character of
a grains neighborhood plays a much more significant role in the development
of grain-scale orientation heterogeneity than factors such as its orientation or
spatial position.
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4.4.2 Interpretation of orientation clouds
The single crystal orientation clouds represent the distribution of orientation
within each grain. During the data reduction process the intensity information
from the detector is discarded, so there is no intensity data connected to each
point within the orientation clouds. In reality observing certain orientations
within these clouds would be statistically more probable. One way to take the
intensity into account would be to calculate the single crystal orientation distri-
bution function (SCODF) for each grain. Calculation of the SCODFs would take
into account the intensity of each diffraction peak. The intensity observed on the
detector is actually the integrated intensity of a fiber through the SCODF. The
orientation clouds provide a simplified metric which does not require inversion
of the data.
Another important comment to make is that the misorientation calculated
for each grain is a single, average value for the grain. In reality, there is a spatial
gradient of orientation across every grain within the aggregate. Currently we
are unable to calculate this spatial distribution experimentally. Ideally the mis-
orientation distributions plotted in Figures 4.11 and 4.12 would contain spatial
misorientation information across each grain. Often times, larger lattice rota-
tions are observed near grain boundaries. Knowing the exact location within
grain where misorientation is largest could help in identifying regions where
heterogeneous deformation leads to crack initiation.
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4.4.3 Challenges measuring crystal stresses
Using the far-field high-energy x-ray diffraction methodology, typically the av-
erage lattice strain tensor can be calculated by monitoring the radial shift of
diffraction peaks upon loading. These strain tensors are readily converted to
stresses through Hooke’s Law. The magnitude of the radial shift for each diffrac-
tion peak with the current experimental equipment is only a fraction of a pixel
size. Thus we are required to fit the diffraction peaks profile to accurately mea-
sure the peak’s shift in radial direction. Unfortunately for the pure copper, lat-
tice strains have a very small magnitude. Because of this reason, the signal to
noise ratio is relatively low, producing large errors in the lattice strain measure-
ments. Additionally, the relatively large value of misorientation within each
grain once the sample is deformed for 256 cycles provides relatively poor re-
sults during diffraction peak fitting. For these reasons, average crystal stresses
are not presented for this data set.
4.5 Summary
This final experiment promoted the development of advanced data reduction
tools and provided new insights into the cyclic deformation of ductile metals
using the high energy x-ray diffraction methodology. Data reduction capabili-
ties have advanced to a point where literally every crystal within an aggregate
can be monitored as a sample deforms. The misorientation was measured by
introducing a novel technique to generate single crystal orientation ”clouds,”
which do not require diffraction peak fitting. The x-ray diffraction data in this
final chapter represents the first successful attempt to correlate the distribution
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of misorientation within each grain to a three dimensional grain map of an ag-
gregate.
During this experiment a copper sample was deformed for a total of 256
cycles in conjunction with x-ray diffraction measurements. The experimental
results did not reveal any strong correlations between the misorientation within
grains and their average orientation or spatial position in the aggregate, point-
ing to the importance of grain to grain interactions. The results did however
reveal the dynamic evolution of misorientation across the aggregate as the ma-
terial was cycled. The character of this intra-cycle misorientation distribution
was significantly different when comparing cycles 2 and 256. Correlating the
misorientation measures with the three dimensional grain maps revealed that
the distribution of misorientation across the aggregate is much more similar
between compression and tension at cycle number 256 versus cycle number 2.
Stated another way, grains exhibiting large misorientation in tension at cycle
256 typically also exhibit a large misorientation in compression as well. This
trend was not observed for cycle number 2. Additionally, large misorientation
within a grain at an early cycle does not necessarily dictate that a grain will
exhibit large misorientation after a significant number of cycles. This observa-
tion could imply that it may be difficult to predict which grain will experience
a detrimental state leading to a failure mode such as crack initiation by only
measuring the orientation heterogeneity at an early stage of a sample’s life.
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